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ABSTRACT
Oxide nuclear fuel materials and analogues are often subject to complex structural
and chemical changes when exposed to extreme environments. For example, oxidation and
buildup of fission products cause changes to the local- and long-range structure as well as
the chemistry and stoichiometry of UO2 during operation in light water reactors. Highly
ionizing energetic fission fragments have been shown to cause redox effects and associated
defect structures in oxide nuclear fuel-type materials. The underlying mechanisms that lead
to defect structures produced in a wider range of nuclear fuel material compositions and
microstructures is not well understood.
This research project focuses on redox effects and the resulting defect structure that
are induced in nuclear fuel materials and analogues by extreme environments. A specific
approach is utilized combining state-of-the art user facilities to both expose materials to
extremes and characterize the effects on structure and chemistry with complementary
analytical tools and comprehensive data analysis techniques. Knowledge gained from this
work further enhance our understanding of the basic processes and mechanisms that dictate
the behavior and performance of nuclear fuel materials under extremes.
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CHAPTER 1: INTRODUCTION

Portions of this chapter were previously published in the Quantum Beam Science
journal and Journal of Nuclear Materials by William F. Cureton, Cameron L. Tracy, James
Zillinger, Jhonathan Rosales, Ryan P. Wilkerson, Maik Lang, and Marvin Barnes. For
these works, W.F.C, C.L.T, M.L., J.Z. and M.B. conceived the experiments; W.F.C.,
C.L.T., J.Z., R.P.W. and J.R. prepared the samples and performed analysis; W.F.C. drafted
the manuscript along with input from all co-authors.

1.1 Overview
This research work aims to investigate the effect of redox responses in nuclear fuel
materials and analogues under SHI irradiation and characterize the defect structure
produced. This will be complemented by research on a broader scope of redox effects and
associated defects produced by extreme environments relevant to nuclear energy
applications. Nuclear fuel materials are during operation subject to extreme conditions
including high temperatures (with steep gradients), stress, and intense energetic particle
irradiation. Over the lifetime of fuel within a reactor, such exposure results in substantial
microstructural changes and an evolving chemical composition, which leads to defect
accumulation and material degradation.
The splitting of fissile actinides, such as uranium, produces two fragments which
carry kinetic energy on the order of 100 MeV, supplying the primary source of radiation
damage in nuclear fuels. These energetic fission fragments carry energy in the range 701

100 MeV and consist of between 75 and 155 atomic mass units. The damage near the end
of UO2 fuel life (4 to 6 years) in current nuclear power plants varies from ~1200 to ~1800
displacements per atom (dpa) between the center and outer periphery of the pellet mostly
due to fission fragment damage (fission neutron collisions produce only ~20 dpa at all fuel
radii). However, for most of their range, energetic fission fragments deposit exceptional
amounts of kinetic energy within an exceedingly short interaction time (less than 10-15
seconds) into nm-sized sample volumes via electronic excitation and ionization processes,
inducing extremely high energy densities (up to tens of eV/atom). Under this mechanism
of energy transfer, energy is then transferred to the atomic system through electron-phonon
coupling. This transfer occurs locally in the material (~1-10 nm from the ion path) leading
to high energy densities on the order of eV/atom. This yields rapid heating in the material,
resulting in temperatures on the order of thousands to ten thousand Kelvin over picosecond
time scales [1, 2]. This thermal spike is theorized to cause localized melting, displacing
atoms, followed by a rapid quench which can freeze in substantial atomic disorder [3]. This
process and associated disorder occur along the path of the ion, leaving behind cylindrical
damage zones known as ion tracks. The effect of these highly ionizing interactions in fueltype materials is not well understood.
Large accelerator facilities for swift heavy ions provide the most suitable
experimental approach for simulating fission-fragment damage under well-controlled
irradiation conditions using adjustable ion energies (MeV to GeV) and beams of different
ion masses. While ions of high electronic stopping power (22-29 keV/nm) produce
observable ion tracks in UO2 [4], ions with lower electronic stopping power ranging
2

between 18-22 keV/nm in UO2 typical for fission fragment projectiles, only produce
observable tracks at the surface, not in the bulk of the fuel [5-7]. However, a lack of
detectable tracks in the bulk does not translate to absence of any radiation-induced defects.
According to MD simulations, 99.9% of defects produced by energetic fission fragments
are point defects, yielding approximately 104 Frenkel pairs on the uranium sublattice and
1.4x104 Frenkel pairs on the oxygen sublattice [8]. Microstructural modifications from
intense irradiation are key factors that dictate the performance and lifetime limits of current
fission reactor fuel materials.

Like fission fragments, energetic heavy ions (>0.5 MeV/u), such as those produced
at large accelerator facilities, slowdown in materials via excitation and ionization of atomic
electrons. These so-called swift heavy ions (SHI) are often used to simulate the effects of
fission fragments in fuel-type materials under well-controlled conditions to better
understand damaging mechanisms and material modifications. Within the electronic
stopping power regime induced by SHI, fluorite-structured simple oxides (e.g., UO2)
exhibit enhanced resistance to amorphization and severe radiation damage [9].
Ion tracks commonly contain isolated point and extended defects, in fluoritestructured oxide materials. Defect formation is accompanied by heterogeneous microstrain
and, at sufficient defect concentrations, longer-range material modifications such as unitcell expansion. As ion tracks accumulate and eventually overlap with increasing ion
fluence, both unit-cell swelling and microstrain typically increase and saturate following a
so-called single impact mechanism [10], shown in equation 1 describing expansion of the
unit cell parameter:
3

𝛥𝑎 𝑎() − 𝑎0 𝑎𝑠𝑎𝑡 − 𝑎0
=
=
(1 − 𝑒 − )
𝑎0
𝑎0
𝑎0

(1)

Where a is the measured unit-cell parameter at ion fluence , a0 is the reference unit cell
parameter of the unirradiated material, asat is the saturation value of the unit cell parameter
at high ion fluence, and  is the cross-sectional ion track area.
Both energetic fission fragments and SHIs are highly ionizing, and it has been
demonstrated that this type of ion-matter interaction produces complex structural and
chemical effects in a material. Tracy et al. [11] showed that SHI irradiation induces redox
effects in fluorite-structured simple oxides. This behavior was explained through radiationinduced modification of the oxygen sublattice which leads to compensation of cations
through a change in electron chemistry. These irradiation induced redox effects in nuclear
fuel-type materials are not well understood and are the focus of this project.
In the following sections, current literature regarding 3 topics: (i) effects induced
by highly ionizing radiation, (ii) defects associated with excess oxygen at high temperature,
and (iii) microstructural effects due to exposure to extreme temperatures and reducing H2
environments will be explored for nuclear fuel materials and the current gaps in knowledge
highlighted. The majority of this research is related to (i); thus, the literature review on this
topic is more detailed and includes an excerpt from a review paper recently published.

1.2 Redox Effects Induced by Highly Ionizing Particle Irradiation
Recent studies have shown that swift heavy ions can induce redox effects in
uranium oxide systems, which is an important defect mechanism under highly ionizing
radiation [11, 12]. For example, irradiation of UO3 with 167 MeV Xe ions causes reduction
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of uranium cation charge state (U6+ → U5+ → U4+) and changes to the oxygen stoichiometry
(UO3 → UO2+x) [11]. Redox effects are strongly dependent on the microstructure and
particular the grain size of the material, and it has been shown that irradiation of
microcrystalline UO2 induces oxidation, while irradiation of nanocrystalline UO2+x induces
reduction [12]. In each of these cases, the structure reflects these changes by displaying
increased disorder and heterogeneous microstrain. These results suggest that the enhanced
radiation resistance of UO2 compared to many other simple oxide materials may be
attributed to the flexibility of uranium’s electronic structure, which allows the fluorite
structure to accommodate defects without amorphization.
Valuable insight into the complex radiation response of UO2 can been obtained
when comparing its radiation response to isostructural analogues, such as CeO2 and ThO2,
under swift heavy ion irradiation. For example, between bulk and nanocrystalline samples
of CeO2, ThO2, and UO2, all materials retain their crystallinity under irradiation and show
only defect accumulation to various degrees [12]. However, the process of defect
accumulation and its effect on the microstructure depend strongly on the chemical
composition and of the material. Simple defect accumulation in ThO2 is attributed to its
lack of redox response, due to thorium cations’ propensity to not easily deviate from their
tetravalent state [13]. In CeO2, reduction mechanisms drive the material’s structural
response due to cerium cations’ ease of valence changes (Ce4+ → Ce3+) [14] and is the
focus of the remainder of this section.
Differential scanning calorimetry (DSC) measurements on SHI irradiated CeO2 by Shelyug
et al. [15] revealed that only ~1% of the energy deposited by ions is subsequently stored in
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irradiation-induced defects within the structure. X-ray diffraction (XRD) measurements of
irradiated samples display distinct changes in Bragg peak position, intensity, and width in
CeO2 after SHI irradiation, indicative of unit cell expansion and an increase in structural
distortions around defects (microstrain) (Figure 1a) [11, 12, 16-26]. The original fluorite
structure peaks are retained, and no diffuse scattering is apparent, indicating a very high
resistance to irradiation-induced amorphization. The observed changes in the XRD patterns
are consistent with the formation of point defects and defect clusters. High-resolution
transmission electron microscopy (HRTEM) measurements suggest that oxygen Frenkel
pairs are the primary defect produced following SHI irradiation [27], a finding supported
by molecular dynamics simulations [28]. Dislocation loops have been observed in SHI
irradiated CeO2 above a threshold stopping power of 12 keV/nm [14].
X-ray absorption spectroscopy (XAS) and X-ray photoemission spectroscopy (XPS)
measurements on SHI irradiated CeO2 reveal that structural changes are accompanied by
partial reduction of nominally Ce4+ cations to Ce3+ [11, 18, 22, 29-31]. XAS spectra show
a shift in the K-edge absorption energy of approximately −2 eV (Figure 1b), which suggests
a partial reduction to the trivalent state rather than the transition of all cerium cations to the
trivalent state, which corresponds to a shift of −7 eV [32]. This evidence of SHI irradiationinduced reduction is corroborated by magnetic measurements that display ferromagnetism
in SHI irradiated CeO2, indicative of the magnetic moments produced by the 4f electrons
in Ce3+ cations [22, 24]. Iwase et al. [30] observed a saturation of this redox behavior at a
Ce3+/Ce4+ ratio of ~12% at a maximum fluence of 6 × 1013 ions/cm2 using 200 MeV 132Xe
ions. Coupled XRD and XAS measurements by Tracy et al. [11, 16] revealed that the
6

Figure 1. Structural and chemical changes in CeO2 after irradiation with 946 MeV 197Au
ions, as adapted from Tracy et al. [11]. (a) Relative change in unit cell parameter (red) and
heterogeneous microstrain (blue) based on X-ray diffraction measurements as a function
of ion fluence and (b) corresponding X-ray absorption spectroscopy measurements of an
unirradiated (blue) sample and after irradiation to a fluence of 5 × 1013 ions/cm2 (red).
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observed redox changes are directly linked with unit cell swelling and microstrain buildup,
as the fluorite structure must distort to accommodate larger trivalent cations (1.14 Å versus
0.97 Å of initial tetravalent cations), as well as oxygen vacancies [4]. In certain cases,
irradiation induced reduction occurs to a sufficient extent that the formation of a secondary
phase is observed at high fluences [11, 12, 33]. This hypostoichiometric trigonal Ce11O20
phase consists of Ce4+ and Ce3+ cations along with ordered oxygen vacancies.
While changes in unit cell parameter and microstrain of CeO2 (Figure 1a) follow a
behavior that is consistent with a single impact model [10, 11] (Equation (1)), it remains
unclear whether or not the induced redox changes follow the same trend. XPS data from
Iwase et al. [30] suggest a single impact mechanism for redox effects, based on the increase
in Ce3+ cations as a function of ion fluence. Still, additional research is needed to accurately
monitor the structural and chemical changes over a range of irradiation conditions, ideally
using coupled XRD and XAS measurements to better understand the formation and
accumulation of Frenkel-type defects (linked to structural changes) and redox-type defects
(linked to chemical change).
Irradiation induced unit cell expansion and the accumulation of heterogeneous
microstrain are typically studied with XRD experiments designed to track net damage
accumulation in a series of samples irradiated to increasing ion fluences. This is useful for
the determination of ion track cross sections and effective track diameters but provides no
direct insight into the morphology of individual ion tracks. Electron microscopy, on the
other hand, allows for direct imaging of tracks.
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A recent HRTEM investigation by Takaki et al. [27] provided detailed insight into the size
and damage morphology of 200 MeV 132Xe ion tracks in CeO2. This provides the basis for
more fundamental understanding of the defect mechanisms leading to the formation of SHI
tracks. A core-shell track morphology was observed, wherein the interior of the track is
oxygen deficient and the annular shell oxygen rich (Figure 2a). This suggests that SHI
traversal and associated energy deposition causes the radial expulsion of oxygen from the
ion path region. Since cerium’s electronic structure is flexible, the oxygen vacancies within
a core region are stabilized by charge compensation from partial cation reduction (Ce4+ to
Ce3+). These measurements also showed that oxygen anions are displaced up to 17 nm from
the center of the ion track [27]. Neutron total scattering measurements of CeO2 irradiated
with 2000 MeV

197

Au ions showed that a fraction of the displaced oxygen atoms form

peroxide-like defect clusters (Figure 2b) [34]. These defect clusters may act as a structural
and chemical compensation mechanism to balance the oxygen interstitials with their
counterpart oxygen vacancies stabilized through cation reduction.
A combination of the results from XRD and EM measurements provides more
comprehensive information on SHI tracks in CeO2, including size, morphology, and
internal damage structure. The areal extent of changes in unit cell parameters and
microstrain within a single ion track can be deduced from the fitting of fluence-dependent
XRD data (single-impact model, Equation (1)). The comparison of effective track
diameters reveals a systematic discrepancy between those determined from unit cell
expansion (3.9–5.8 nm) and microstrain (4.6–10.5 nm) over a range of irradiation
conditions (132Xe and 197Au ions of 167 and 946 MeV energies) [11, 12]. Relating these
9

Figure 2. (a) HRTEM image of a single 200 MeV 132Xe ion track in CeO2 with a coreshell damage morphology, consisting of an oxygen depleted core (red) and oxygen
interstitial rich shell (blue). (b) Neutron pair distribution functions (PDFs) of CeO2 before
and after irradiation with 2000 MeV 197Au ions up to 5 × 1012 ions/cm2. A loss of structural
order is indicated by the symmetric peak broadening and the decrease in the intensity of
correlation peaks. A structural feature at ~1.45 Å is observed after irradiation (inset)
indicative of the formation of peroxide-like defects. Adapted from (a) Takaki et al. [27]
and (b) Palomares et al. [34].
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XRD-based results with diameters obtained by HRTEM investigation of SHI tracks (core
diameter: ~4 nm and core + shell: ~17 nm) suggests that most of the swelling induced in
CeO2 occurs in the core region, since this matches well with the track diameter determined
from analysis of unit cell expansion data. Thus, the unit cell expansion can be attributed to
defects within the track core, which are predominantly oxygen vacancies and reduced Ce3+
cations. Microstrain can instead be attributed to distortions arising from all defects within
the core and shell, such that the effective diameter associated with the region of increased
microstrain represents the total ion track size, including both the core and shell periphery.
Besides complex ion tracks, SHIs have been shown to also induce interesting surface
damage morphologies in CeO2, as described by Ishikawa et al. [35]. For ions incident in
oblique directions relative to sample surfaces, the formation of hillocks was observed.
These hillocks are spherical in shape and crystalline, with an ideal fluorite structure of
similar atomic spacing to that of the unirradiated matrix. The spherical hillocks are located
above ion tracks and have a mean diameter of 10.6 ± 1.3 nm for irradiation with 200 MeV
197

Au ions. Currently, CeO2 and Gd2Zr2O7 are the only materials in which SHI irradiation-

induced hillocks have been shown to exhibit a fully crystalline structure with no amorphous
component [35, 36]. This is consistent with the exceptionally high radiation tolerance of
CeO2.
The spherical, droplet-like shapes of these hillocks imply the influence of surface
tension in a liquid phase, such that the observation of hillocks on the surface of SHI
irradiated CeO2 supports the conclusion that a thermal spike and localized melting occur
within ion tracks. In this scenario, all atoms are displaced from their original sites over
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picosecond time frames, with oxygen anions moving further away from the location of the
original ion path than cerium cations. Rapid quenching restores the initial crystal structure,
but some defects and defect clusters remain. The core-shell damage morphology is
therefore a remnant of these highly transient processes, and the separation of oxygen anions
from the track core and incomplete recovery result in the observed oxygen defect clusters
and cation oxidation state reduction. This is supported by the molecular dynamics modeling
of Devanathan et al. [28], who showed that the rapid increase in temperature within ion
tracks in CeO2 and the subsequent quenching process do not result in complete restoration
of the initial atomic arrangement.
The types of modifications that are induced in CeO2 by SHI irradiation depend on a
number of parameters that are individually adjusted in each irradiation experiment. These
can be grouped into (i) ion beam settings: ion species, energy, energy loss, fluence, and
flux; (ii) environmental conditions: irradiation temperature and pressure; and (iii) sample
properties: grain size and impurity content. The following sections briefly summarize the
effects that each parameter can have on the radiation response of CeO2.
The irradiation response of CeO2 has been studied using a wide range of ion species
(127I–238U), energies (0.5–30 MeV/u), dE/dx (~15–45 keV/nm), ion fluxes (108–1010
ions/cm2s), and ion fluences (1011–1016 ions/cm2) [11, 12, 14, 15, 17, 18, 20, 22-27, 29, 30,
33-35, 37-43]. The ion energy and energy loss strongly influence the induced structural
damage as seen in unit cell parameter changes with increasing fluence for various
irradiation conditions (Figure 3a). For SHI irradiations within the electronic dE/dx regime,
there typically exists a material dependent energy loss threshold above which ion tracks
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Figure 3. (a) Relative change in unit cell parameter based on XRD pattern analysis as a
function of fluence for CeO2 irradiated with 200 MeV 132Xe (green, dE/dx = 27 keV/nm),
946 MeV 197Au (red, dE/dx = 44 keV/nm), and 167 MeV 132Xe (blue, dE/dx = 27 keV/nm).
(b) X-ray absorption spectra of the cerium K-edge in CeO2 before irradiation (blue) and
after irradiation to a fluence of 5 × 1013 ions/cm2 (red) with 167 MeV 132Xe (top) and 946
MeV 197Au (bottom). (c) Relative change in the unit cell parameter, determined by XRD
pattern analysis, for CeO2 irradiated with 1694 MeV 197Au ions at ion fluxes of ~109
ions/cm2/s (red) and ~1010 ions/cm2/s (blue). Dashed lines in (a) and (b) are fits based on
a single-impact model. These data are based on work published by Tracy et al. [11] (a,b)
and unpublished work (a,c).
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will form [44]. Track formation has been documented by TEM in SHI irradiated CeO2 for
an energy loss of ~16 keV/nm [40], which suggests a lower threshold when compared with
other fluorite-structured materials. For example, UO2 exhibits a threshold between ~22–29
keV/nm [5]. However, the dE/dx threshold for track formation has not been accurately
determined for CeO2 over a wide range of ion species and energies; this should be the
subject of future research.
The energy loss governs the nature and extent of the radiation damage induced in a
material. In most cases, a higher energy loss induces a higher energy density within the
track region, which produces more defects and results in the formation of defect clusters
[15]. Sonoda et al. [40] demonstrated that the track size increases with increasing dE/dx in
CeO2, which agrees well with thermal spike calculations [45] based on the Szenes model
[46], indicative of a quadratic relation between track diameter and dE/dx value. While the
amount and type of defects, as well as track size, show a clear dependence on energy loss,
redox changes of the cerium cations appear to be only weakly dependent on the dE/dx
(Figure 3b). This behavior is not well understood, and it remains unclear if cation reduction
also has a critical dE/dx threshold akin to track formation and whether or not they are the
same.
The energy loss alone cannot fully explain the observed radiation behavior, as
demonstrated by the large change in unit cell parameter values in CeO2 (Figure 3a) induced
by two different ion irradiation experiments using nearly the same dE/dx (~27 keV/nm for
both 167 MeV 132Xe and 200 MeV 132Xe ions). This is explained by the additional impact
of ion energy, also known as the velocity effect [44, 47]. SHIs lose their energy to the
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electron subsystem by collisions with electrons, exciting them to high-energy states that
are sometimes sufficient for ionization from the target atoms. The maximum energy
imparted to these so-called delta electrons is determined by the ion velocity: higher velocity
ions yield electrons with higher kinetic energies, allowing them to travel further away from
their initial positions. For irradiations with comparable energy loss values, ions with higher
velocities (kinetic energies) will deposit their energy over a larger volume. This results in
larger ion tracks, but lower energy densities within those tracks, yielding less pronounced
in-track material modifications (Figure 3b) [11, 18].
Differential scanning calorimetry measurements by Shelyug et al. [15] further
illustrated this velocity effect. A comparison of the enthalpy of radiation damage (the
energetic difference between pristine and irradiated samples) in CeO2 irradiated with 1100
and 2200 MeV 197Au ions revealed that the higher velocity ions produced tracks with lower
defect concentrations, although the track diameters were larger than those produced by the
lower velocity ions. These results were corroborated by neutron total scattering
measurements and fitting of a single impact model to the measured damage accumulation.
To date, no dedicated studies of the velocity effect have been performed on CeO2. Future
research should further investigate the influence of SHI velocity on the induced damage
structure.
In addition to ion mass and energy (i.e., dE/dx), as well as ion velocity, the ion flux on
the sample has a substantial effect on the observed radiation response. Irradiation-induced
material modifications are often studied in CeO2 by irradiation to high fluences, at which
ion tracks overlap (e.g., ~1013 ions/cm2). To reach these fluence values within reasonable
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irradiation times, high ion fluxes (fluence per unit time, given in ions/cm2/s) are often used.
The flux used in a given experiment also depends on the accelerator and the beam mode
utilized (e.g., pulsed versus continuous); these can vary greatly among facilities.
During irradiation with a high ion flux, relatively large amounts of energy are
deposited in the sample over a short time interval. For sufficiently high fluxes, the resulting
increase in thermal energy can outrace its dissipation, yielding high sample temperatures.
As shown in Section 4.3, the irradiation temperature can influence the radiation behavior
in insulators like CeO2. In contrast, a lower ion flux allows more time for the dissipation
of thermal energy, and therefore produces less bulk sample heating and reduced mobilities
of irradiation induced defects. This impedes the recovery processes, yielding higher defect
concentrations and more extensive material modifications. This is demonstrated by the
swelling behavior of CeO2 irradiated with 1694 MeV Au ions at two different fluxes but
otherwise identical irradiation conditions (Figure 3c). The higher flux irradiation leads to
a faster unit cell parameter increase as a function of ion fluence, consistent with a larger
ion track (ion track size is proportional to the slope of the initial linear region). However,
the saturation value of swelling, which is caused by the concentration of defects within
tracks, is greatly reduced compared to the low-flux irradiation (Figure 3c). This shows that
the ion-beam flux is an important parameter that must be considered when comparing
results from different irradiation experiments. It remains unclear how ion-matter
interactions are impacted over a large range of fluxes, whether there is an effect beyond
the increase in temperature, and whether or not there is a critical flux value below which
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thermal effects can be neglected. Systematic studies are needed to quantify the effect of
ion-beam flux on defect formation and recovery processes.
Annihilation of swift heavy ion-induced defects in fluorite-structured fuel materials
and analogues is also material-dependent. For example, one overall stage of damage
recovery was observed in ThO2, driven by the mobilization of oxygen point defects and
small oxygen clusters [48], while a more complex, two-stage mechanism was responsible
for recovery in CeO2 [20]. These results imply that not only are the types of defects
produced by swift heavy ion irradiation material-dependent, they also have varying
associated energetics in the structure.
In addition to trivalent cerium cations, CeO2 can incorporate a number of dopant
species while maintaining the fluorite structure [49]. Only a few studies have focused on
how trivalent dopants affect the response of CeO2 to ion irradiation [21, 50-52]. Exposure
to 200 MeV

132

Xe ions causes enhanced swelling and structural disorder in CeO2 doped

with the lanthanide sesquioxides Gd2O3 and Er2O3 up to 20 mol% when compared with an
undoped reference sample [21, 50, 52]. This was explained by defect stabilization caused
by localized strain fields around the dopant cations, but changes to the redox behavior of
the cerium cations by chemical doping were not considered. Ab initio modelling by Lucid
et al. showed that incorporation of dopants alters the energetics of cerium cation redox
processes in CeO2, with certain dopants inhibiting reduction (e.g., Sm) while others (e.g.,
Eu) facilitate it [53] (Fig. 4). Since redox behavior plays a crucial role in the SHI induced
material modifications, doping with certain lanthanide sesquioxides may be a suitable
approach to tune the overall ion-matter interactions and radiation stability. This should be
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Figure 4. Change in energy required to incorporate Ce3+ cations and oxygen vacancies
associated with reduction as a function of dopant cationic radius. Horizontal green line
represent the nominal energy required for reduction. Dashed verttical line represents Ce4+
cationic radius. Adapted from Lucid et al. [53].
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addressed in future studies by comparing, for example, SHI induced unit cell changes in
CeO2 containing a range of dopant species (e.g., varying dopant size, mass, charge state,
and effect on redox energies).
In summary, the radiation tolerance of these materials depends on the presence and
efficiency of the redox reactions, such that damage can be inhibited or exacerbated by
altering the cation valence which drives microstructural modifications. Thus, the redox
behavior of actinide materials induced by swift heavy ions in order to simulate the effects
of fission is an important consideration for the design and modeling of nuclear fuels and
the prediction of their performance under an evolving microstructure.

1.3 Temperature-driven Oxidation of Nuclear Fuel Materials
As mentioned, irradiation can induce redox behavior and associated changes in
stoichiometry. Additionally, oxidation of UO2 occurs in small quantities under operational
conditions as fissioned U atoms are replaced by some fission products which do not form
oxides. This results in excess oxygen and the oxidation process is increasingly evident at
high burn up towards the end of the fuel lifetime. Accelerated fuel oxidation occurs by nonequilibrium fuel conditions such as under thermal transients and accident scenarios [54].
Excess oxygen leads to hyperstoichiometric UO2+x phases and defect structures that dictate
point defect stability and defect migration energies, which influence key fuel properties
such as thermal conductivity and melting point which affect operational performance and
safety [55]. Most notably, fission gas release is affected by the oxidation state of UO2,
which is the key limiting factor in the lifetime of nuclear fuel within a reactor. This
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highlights the importance of understanding the excess oxygen behavior in UO2+x, and in
particular the underlying defect structure.
The predominant defects in UO2+x are oxygen interstitials that form due to the excess
oxygen. These interstitials form defect clusters, but the morphology of these clusters is
subject to debate. Experiments performed in the 60s and 70s by Willis et al. [56-58] showed
that oxygen interstitials are not isolated defects, but rather they form more complex clusters
involving also oxygen at regular sites. The interpretation of data from these early neutron
diffraction experiments yielded a specific model for oxygen interstitials—2:2:2-type
clusters (Fig. 5a). However, when these Willis clusters were modeled with modern ab
initio techniques, it was shown that they are not stable and form other type of defect
configurations [59]. Density functional theory calculations suggest a di-interstitial cluster
model as a more stable configuration (Fig. 5c), which has not been confirmed
experimentally. This discrepancy poses an issue for modelling the performance of nuclear
fuel under normal operation and accident scenarios because the atomic-scale defect
structure influences key parameters used for the prediction of large-scale fuel properties.
Thus, to reconcile the difference between experiment and theory a combined experimental
modeling approach is necessary.
Recent work by Palomares et al. [60] employed state-of-the-art neutron total
scattering techniques and advanced data modelling techniques to shed light on the defect
structure in UO2+x in the dilute O:M regime. A sample with a stoichiometry of UO2.07 was
measured at 600 °C and 1000 °C. The neutron scattering technique is highly sensitive to
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Figure 5. Oxygen defect cluster morphologies as suggested by (a) experimental and (c)
computational work. Both assume the relaxation of oxygen interstitials at the (b) body
center of the cubic fluorite structure. Adapted from Palomares et al. [60].
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the oxygen sublattice compared with X-ray techniques due to the independence of neutron
scattering strength on atomic mass and the NOMAD facility at the Spallation Neutron
Source (ORNL) allowed for high Q-space resolution, producing high-resolution atomic
pair distribution function (PDF) analysis. Reverse Monte Carlo data modelling techniques
were employed which allowed for the production of a super cell (~12000 atoms) which
accurately represented diffraction data (ordering over longer length) and PDF data (shortrange order and local defects). This combined experimental and computational approach
allowed new insight into the oxygen defect structure in the dilute region of the phase
diagram. Palomares et al. [60] showed evidence of small, isolated defect clusters (Fig. 6a)
largely oriented in <111> type directions (Fig. 6b). These dumbbell-like defects are distinct
from both the 2:2:2 Willis cluster and the split di-interstitial model. However, previous
experiments were performed in the more saturated region of the phase diagram, which
leaves open ended questions regarding the defects for materials with a higher O:M. The
work done in this project aims to add to the understanding through analysis of a sample
consisting of UO2.15.

1.4 High Temperature Hydrogen-driven Reduction in Fuel for Nuclear
Thermal Propulsion Applications
With the recently increased world-wide interest in manned deep space missions,
nuclear thermal propulsion (NTP) as a means for interplanetary travel holds key advantages
over traditional chemical propulsion such as higher specific impulse (850-1000 s) with a
relatively high thrust to weight ratio (3-10) [61, 62]. Benefits of NTP systems include
shorter in-space transit times allowing reduced exposure of astronauts to space radiation
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Figure 6. (a) Partial pair distribution functions determined with Reverse Monte Carlo
analysis of neutron total scattering data on single-phase UO2.07 which show the emergence
of a feature at short bond distances attributed to oxygen interstitials. (b) Bond vector
analysis of the oxygen interstitials displaying a preferred orientation of defect clusters in
<111> type directions. Adapted from Palomares et al. [60].
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and psychological stress associated with extended time in space along with the option for
mission abort. Most designs for NTP systems consist of nuclear fuel rods, which, during
the fission process, are cooled by a propellant, typically H2. While the harsh conditions in
light water reactors (high temperature and irradiation) for the most part indirectly cause
redox behavior and changes in stoichiometry, nuclear thermal propulsion (NTP) operating
conditions, which involve highly reducing environments for oxides (high temperature + H2
gas), directly cause redox behavior. The high operating temperatures of these systems
(2700 K and above [63]) coupled with the high chemical reactivity of H2 gas poses unique
material challenges under such extreme conditions. Additionally, neutronic properties of
potential fuel materials must be considered (e.g., thermal neutron absorption cross sections)
in conjunction with the harsh environment, which limits the number of promising nuclear
fuel materials for these applications.
A few NTP fuel forms have been previously investigated, including uranium
carbide particles dispersed within a graphite matrix [64, 65], solid solution mixed uraniumrefractory metal carbides [66], and ceramic-metallic composite (cermet) fuels such as
uranium dioxide-refractory metal [63] and uranium nitride-refractory metal [67]. Cermet
materials, in particular, show promise for use in high temperature H2 propellant systems
due to their enhanced properties over monolithic ceramics (e.g., UO2) used as traditional
nuclear fuel. For example, cermet materials have higher thermal conductivity [68, 69] and
increased mechanical properties such as ductility and toughness [70]. A higher thermal
conductivity allows for the fuel to transfer heat more efficiently to the coolant/propellant,
permitting higher specific impulse. In addition, the refractory metallic matrix permits high
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operating temperatures and serve to inertly encapsulate the dispersed ceramic fuel material
[71], including fission products and most importantly fission gas. Refractory metals also
provide robust structural support at elevated temperatures [70]. Of the cermet
compositions, W-UO2 cermets have been investigated most extensively due to their
acceptable high-temperature stability and H2 compatibility [63]. However, thermal and
chemical extremes induce undesirable effects in cermets such as swelling [72], cracking of
fuel particles [73], fuel vaporization [74], chemical reduction of UO2, and the migration of
uranium into the surrounding W-matrix, resulting in mass loss of the matrix and UO2 fuel
[73, 74].
In recent years, there has been a transition from W to Mo as the metal of choice for
NTP cermets, driven primarily by molybdenum’s lower thermal neutron absorption cross
section, which will allow for the use of low-enriched uranium (LEU). However, mass
losses in Mo cermets compared with W cermets are significantly higher [75]. One of the
largest determining factors for mass loss is the density of the fuel element, with higher
densities resulting in lower material loss. Cermet fuel forms pose unique fabrication
challenges of high-density samples due to the stark differences in thermophysical
properties between ceramic and metallic materials. Production of Mo-UO2 cermets for
NTP applications primarily composed of hot powder rolling techniques, producing samples
with high densities [75], yet this method is time and labor intensive, with limited
fabrication flexibility. Spark plasma sintering (SPS) as a means of consolidating ceramic
and metallic constituents offers a few key benefits over traditional techniques, such as
lower sintering temperatures and times while minimizing grain growth [76]. Several recent
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studies have utilized SPS to produce high density W-UO2 cermets [77, 78]. Duffin et al.
[79, 80] showed that spark plasma sintered molybdenum-yttria-stabilized zirconia (MoYSZ) cermets are subject to lower mass loss (fraction of a percent) under high temperature
hydrogen environments, partly due to higher densities achieved at lower sintering
temperatures. However, the particular response of Mo-UO2 materials under these extreme
environments synthesized via spark plasma sintering remains unclear.
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CHAPTER 2: METHODS AND APPROACH
Portions of this chapter were previously published in the Journal of Nuclear
Materials by William F. Cureton, James Zillinger, Jhonathan Rosales, Ryan P. Wilkerson,
Maik Lang, and Marvin Barnes. For this work, W.F.C, M.L., J.Z. and M.B. conceived the
experiments; W.F.C., C.L.T., J.Z., R.P.W. and J.R. prepared the samples and performed
analysis; W.F.C. drafted the manuscript along with input from all co-authors.

In order to fill the knowledge gaps detailed in the previous section, a targeted
approach is needed, including the use of experimental and computational techniques. This
project utilized mainly techniques that are available at large user facilities and in the
following section, they will be described in detail.

2.1 Sample preparation
In most cases, samples for exposure to extreme environments will be acquired from
commercial vendors (simple oxide powders: CeO2, ThO2, and UO2) and loaded directly
into custom designed holders. However, portions of this project involve synthesis and
fabrication of unique, less readily available materials related to specific research questions
and objectives. The methods and approach to be used in these cases are outlined in the
following sections.
2.1.1 Deviation from Ideal Stoichiometry
To address the defect structure in hyperstoichiometric UO2+x at higher O:M ratios,
a new sample will be synthesized via thermogravimetric analysis techniques with a targeted
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composition of UO2.15. Above ~650 °C this samples will be analyzed in the single-phase
region of the phase diagram (green squares in Fig. 7). As shown in Figure 7, the oxygen
content is higher than the previously analyzed UO2.07 [60] (red spheres) and also exceeds
the O:U ratio used by Willis et al. [57-59]. Sample preparation will be performed at Oak
Ridge National Laboratory (ORNL) and involves transformation of UO3 to UO2 by heating
in a well-controlled reducing environment, followed by oxidation within an oxidizing
environment at high temperature until the weight change of the sample corresponds with
the desired stoichiometry. This sample is then loaded as fine powder within an inert
atmosphere into a capillary for characterization with neutrons at high temperature.
2.1.2 Spark Plasma Sintering
The SPS technique is based on joule heating by transmitting current through a
powder mixture while applying uniaxial pressure to assist in consolidation and
densification. This is analogous to hot pressing, where a uniaxial pressure is applied to the
powder sample while being heated indirectly with a surrounding resistive heating element;
however, in the case of SPS, the resistive heating occurs directly through the die and punch
assembly (Fig. 8), providing much faster heating rates than are achievable with
conventional hot pressing. This rapid heating allows for mitigation of excessive grain
growth, and the application of a uniaxial pressure enhances the driving force for
densification of the material, leading to reduced porosity and high-quality microstructures
in short time frames.
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Figure 7. Phase diagram of uranium oxide materials as a function of O:M. Red circles
represent measurements aquired by Palomares et al. [60] in the single phase region of the
phase diagram. Blue triangles reprresent measurements taken by Willis et al. Green squares
represent measurements planned by this research project. Adapted from Palomares et al.
[60].
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Figure 8. Spark plasma sintering at NASA Marshall Space Flight Center.
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To fabricate molybdenum-uranium oxide cermet materials for NTP testing under
harsh conditions, powders for spark plasma sintering will be prepared by coating the
spherical fuel particles with Mo metal as outlined in [78, 81, 82]. Molybdenum powder
(99.95 % purity, 2-5 µm grain size, purchased from Alfa Aesar) and spherical depleted
UO2 particles (Oak Ridge National Laboratory, grain size ≥ 125 µm [83]) will be batched
at 40 vol% Mo and 60 vol% UO2, with 0.5 wt.% of polyethylene binder (polyethylene
homopolymers grade A-C, Honeywell) added to aid in the uniform distribution and coating
of the UO2 microspheres. The powders and binder will subsequently be blended in a
powder mixer (Turbula® T2F, W.A. Bachhofen Turbula) for two hours in ambient
atmosphere at room temperature and transferred into an argon glove box, where the sample
batch will be heated on a stirring hotplate to 450 K for 15 minutes. This allows the
polyethylene to melt (Tm = 374 K) and bind a uniform layer of Mo to the surface of the
UO2 particles [81].
The as prepared coated fuel particles will be consolidated into solid specimens by
SPS. A 20 mm inner diameter graphite die (Fig. 8) will be prepared by lining with a
graphite foil (2010-A, Mineral Seal Corp.) and coating the graphite foil with boron nitride
(ZYP Coatings), which will be employed as a releasing agent that also aided in preventing
carbiding of the Mo metal. Graphite punches will be prepared in a similar fashion before
loading the powder mixture into the die assembly and gentle compression for slight
consolidation inside the die. The die will then be transferred to a spark plasma sintering
furnace (DCS-15-6, Thermal Technologies) where the chamber will be evacuated and
purged with He gas (Fig. 8). The SPS was then heated under vacuum at 100 K/min to 1673
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K, where it will be held for 15 minutes before cooling at 100 K/min back to room
temperature. A uniaxial pressure of 50 MPa will be applied to the die through the entirety
of the run heating/cooling cycle. The sintered Mo-UO2 billet will be extracted from the
SPS die and polished to produce flat surfaces and to remove any residue graphite foil.

2.2 Exposure to extreme environments
2.2.1 Swift Heavy Ion Irradiation
In order to probe the influence of radiation induced redox effects, highly ionizing
energetic ions will be used. Samples of nuclear fuel-type materials and analogues will be
loaded into customized sample holders (Fig. 9). Powders will be pressed into drilled holes
80 to 120 µm in diameter in molybdenum strips producing sample compacts that range
between 50% and 60% theoretical density (several small sample pellets will be produced
for each sample type). The molybdenum foil thickness varies from 12.5 to 50 µm and is
chosen to match the ion-beam energy to allow full penetration (e.g., 12.5 µm for 200 MeV
Xe ions and 50 µm for 1600 MeV Au ions). Small sample diameter and thickness allow
sample mass to be reduced (on the order of micrograms), minimizing the level of
radioactivity at the ion-beam facility. The strips will be subsequently loaded into larger
holders and sealed with a 5 µm-thin aluminum foil preventing beamline contamination
(Fig. 9). High energy ions will be used at different accelerator facilities (e.g., GSI
Helmholtz Center, Darmstadt, Germany) to expose the different samples to heavy ion
beams (e.g.,

132

Xe, and

197

Au) with kinetic energies between 100 and 946 MeV. The

minimization of sample pellet size has also the advantage that 6-9 sample types are
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irradiated simultaneously, minimizing fluence uncertainties that would arise if a larger
pellet would be irradiated separately for each compound. This approach is key to detect
subtle modifications in the radiation behavior among different types of samples. Irradiation
temperature (from room temperature up to 1000 °C) and fluence (from 1010 to 1014
ions/cm2) will be adjusted to cover a range of irradiation conditions.
In order to probe the interplay of temperature and irradiation, samples will be
placed on stages with heating coils and will be irradiated in vacuum under controlled
temperatures ranging from room temperature to 700 °C to a fluence of 1.5x1013 ions/cm2.
In order to isolate the effects of irradiation at high temperature from thermally-induced
modifications alone, control samples will be heated in vacuum under identical conditions,
but in the absence of irradiation.
2.2.2 Exposure to High Temperature H2 Environments
In order to characterize the behavior of oxide fuel materials under NTP relevant
conditions of high temperature and reducing H2 environment and its dependence on the
synthesis route, MoUO2 cermet materials fabricated via SPS will be exposed to high
temperatures (2500 K) within a flowing stream of H2 gas. Hydrogen exposure at high
temperature and characterization will be performed at the NASA Marshall Space Flight
Center utilizing the Compact Fuel Element Environmental Test (CFEET) facility which
contains a hydrogen induction furnace capable of reaching temperatures relevant to nuclear
thermal propulsion applications (≥2500 K) [84]. The system consists of a water-cooled
helical copper coil on which a high frequency AC field is applied. The induced magnetic
field lines converge on an upright tungsten tube within the copper coil in which eddy
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Figure 9. Custom sample holders allowing up to nine samples to be irradiated under
identical conditions for subsequent characterization and direct comparison. Adapted from
Lang et al. [19].
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currents are produced, causing resistive heating. Samples are placed in the center of the
tube at approximately half the tube height via a tungsten support rod and are radiatively
heated by the tungsten tube (Fig. 10). The CFEET apparatus can achieve 673 K/min ramp
rates and can maintain high temperatures for extended periods of time, simulating NTP
temperature conditions [84]. The Mo-UO2 cermets will be radiatively heated in flowing H2
(0.55 standard liters per minute SLM) at ~100 K/min to 2500 K inside the inductively
coupled tungsten tube (Fig. 10) for 30 minutes. The temperature is measured directly off
the specimen using a two-color pyrometer (Modline 5R, Ircon). After temperature and
hydrogen exposure, the sample will be cooled at ~100 K/min to room temperature for
extraction.

2.3 Material Characterization
In the following subsections a detailed strategy to comprehensively characterize nuclear
fuel materials under extremes is presented. Analytical methods such as microscopy,
scattering, and spectroscopy will be employed to investigate material properties before and
after exposure to harsh conditions. The selected techniques are complementary and provide
information from the local atomic arrangement to the long-range structure with high
sensitivity to both cation and anion sublattices. For example, X-ray and neutron diffraction
are used to probe long-range periodicity, and neutron pair distribution function (PDF)
analysis and Raman spectroscopy will probe the short-range defect structures. Reverse
Monte Carlo (RMC) modeling will be combined with neutron total scattering to
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Figure 10. (a) Schematic of a cutaway of the induction heating assembly within the CFEET
facility displaying hydrogen flow directions, adapted from Cureton et al. [85]. (b)
Temperature profile for MoUO2 sample under flowing H2.
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comprehensively analyze PDF and diffraction data allowing detailed information on small,
isolated defect structures.
2.3.1 Scanning Electron Microscopy
In certain cases, analysis of the sample morphology before and after exposure to
extreme environments is necessary. Scanning electron microscopy (SEM) will be used for
this task. High-resolution images on scales relevant for the changes in morphology will be
used to identify the effect of harsh conditions. Also useful is the ability with most modern
SEMs to perform Energy Dispersive X-ray Spectroscopy (EDS) which relies on the
detection of characteristic X-rays from atomic constituents in the sample. With EDS a 2D
elemental map will be constructed across the SEM images. SEM coupled with EDS will
be particularly relevant for characterizing the changes in nuclear fuel cermet materials after
exposure to high-temperature H2 environments. This approach will show how the
encapsulation of actinide oxide materials within the metal matrix (imperative for the
performance of fuel in an NTP application) will behave under these conditions if the
materials was synthesized by SPS.

2.3.2 Synchrotron X-Ray Diffraction and Spectroscopy
The main focus of this research project will be the characterization of structural and
chemical modifications induced in materials under highly ionizing irradiation. This will
require systematic studies with a large number of samples to map the fluence-dependent
material response. Synchrotron-based X-ray scattering experiments allow high sample
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throughput and provide high-quality structural and chemical information through XRD and
XAS measurements.
X-ray beams produced at modern synchrotron facilities, consist of a wide array of
energies from eV to keV at extremely high photon fluxes (108-1011 photons/cm2/s)
compared with conventional laboratory-based X-ray sources. With a single crystal
monochromator, a high-intensity, focused monoenergetic beam of high energy X-rays is
produced for diffraction and spectroscopy experiments enabling to analyze microgram
quantity of sample in short time scales (seconds to minutes). Since wavelength is inversely
proportional to photon energy, high energy photons with short wavelength are capable of
probing distances between atomic planes with higher resolution than laboratory-based Xray sources. This is critical for probing subtle structural and chemical changes after
exposure to extreme conditions.
Sector 16 beamline 16 BM-D housed at the Advanced Photon Source (APS) within
Argonne National Laboratory provides unique analytical capabilities through coupled Xray diffraction (XRD) and X-ray absorption spectroscopy (XAS) measurements via a
switchable diffraction-absorption setup without losing the sample alignment (Fig. 11) [16].
This setup allows to obtain quasi-simultaneous structural (XRD) and electronic (XAS)
information within the same irradiated sample volume for the investigation of irradiationinduced redox behavior and the resulting defect structure [19].
To integrate the 2D image plate patterns into 1D diffraction patterns, the GSASii
[86] software will be utilized. In order to analyze the structural data, Rietveld refinement
[87] techniques within the GSASii package are applied to identify irradiation-induced
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Figure 11. Schematic of X-ray diffraction and absorption characterization setup at sector
16 at the APS which allows materials exposed to extremes to be characterized structurally
and chemically with efficiency and ease. Adapted from Lang et al. [19].
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such as phase transitions and unit-cell parameter changes as a function of increasing
fluence (and irradiation temperature). This will be complemented by Williamson-Hall
analysis of XRD patterns [88] to quantify changes to microstrain and grain size. X-ray
absorption data is analyzed by finding the derivative of curves in order to find points of
inflection (absorption edges, Fig. 1b) using the OriginPro software.
2.3.3 Neutron Total Scattering
In order to characterize the atomic-scale defect structure, which is important for the
research related to UO2+x, a local analytical probe is necessary. Structural information on
short-range defects is accessible through analysis of the diffuse scattering within a
diffraction pattern; however, in a traditional diffraction experiment this analysis is
obscured by background contribution from the experimental setup. Total scattering
techniques allow for diffuse scattering analysis, through careful calibration and
background correction (Fig. 12). With this process, the structure function S(Q) can be
produced which contains only information from the sample and the local structural features
that produce the diffuse scattering. To assist with analysis of atomic scale defects and
disorder, a Fourier transform can be applied to the reciprocal space structure function. The
result is the pair distribution function (PDF) which represents a pair-wise probability
distribution of atoms in real space (Fig 12).
Total scattering can be performed with both X-ray and neutron probes, but the latter
is in particular useful for investigating the structure of light (low-Z) atomic constituents in
a material (e.g., O in UO2) with a higher degree of accuracy, due to the lack of a strong
dependence of neutron scattering efficiency on atomic mass (Z of the atomic constituent).
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Figure 12. Schematic of a typical workflow of a (neutron) total scattering measurement
involving calibration, normalization, and background correction. Adapted from O’Quinn
et al. [89].
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Recently, intense spallation neutrons have become available for materials research
at dedicated facilities, such as the Nanoscale Ordered MAterials Diffractometer (NOMAD)
at the Spallation Neutron Source, ORNL. High-resolution PDF analysis will be utilized at
NOMAD [90] to investigate short-range structural distortions and defect configuration in
UO2+x, which are inaccessible by conventional long-range diffraction methods [15, 34].
In situ high-temperature neutron total scattering measurements are also available at
NOMAD with a vacuum furnace capable of reaching 1200 °C. Such measurements require
specific vanadium sample holders and additional temperature calibration runs, and they
will be used within an inert atmosphere to investigate UO2+x in the single-phase region at
temperatures greater than ~600 °C.
Analysis of the long-range neutron diffraction data is performed with Rietveld
refinements, similar to XRD data. The local structural data will be analyzed by small box
modelling of PDFs comparable to Rietveld refinement based on an initial structural model.
However, small-box modelling is limited to a finite model size (~2x2x2 supercell) and the
structural data cannot be directly connected to the long-range information from Rietveld
refinement. Large box analysis of scattering data such as Reverse Monte Carlo (RMC)
modelling [91] overcomes this limitation by producing a large supercell (>10,000 atoms)
based on the average structure (diffraction data) and then maximizing the entropy of the
supercell through atomic translations within a given set of constraints. The primary
constraints are the diffraction pattern (short range structure), the PDF (short and
intermediate range structure), and bond valence constraints, which ensure chemical
feasibility. The strength of RMC is the ability to consider the long range and local structure
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simultaneously and connect the two length scales through the intermediate range, unlike
separate Rietveld refinement and small box modelling. Thus, neutron total scattering
coupled with RMC modelling will be used to characterize the local defect structure in
UO2+x as this approach provides: (i) sensitivity to the anion sublattice, (ii) accurate
modelling of the local defect structure, and (iii) in situ measurements at high temperature
within inert atmospheres.
2.3.4 Raman Spectroscopy
Raman spectroscopy uses photons in the visible spectrum to probe correlated
atomic vibrations within a material. With Raman spectroscopy, structural changes under
extremes such as oxidation, reduction, and defect formation can be probed through analysis
of characteristic vibration modes in Raman spectra. Particularly for fluorite-structured
materials, structural modifications lead to breakdown of selection rules and the appearance
of so-called Raman forbidden modes in the spectra. Quantitative analysis of these
forbidden modes provides information on defect types and concentrations. Thus, Raman
spectroscopy will be used to characterize defect accumulation and redox changes in
irradiated materials.
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CHAPTER 3: RADIATION RESPONSE OF
MICROCRYSTALLINE VERSUS NANOCRYSTALLINE
MATERIALS
This chapter was previously published in Acta Materialia by William F. Cureton,
Raul I. Palomares, Jeffrey Walters, Cameron L. Tracy, Chien-Hung Chen, Rodney C.
Ewing, Gianguido Baldinozzi, Jie Lian, Christina Trautmann, and Maik Lang. For this
work, M.L, W.F.C, and C.L.T conceived the experiments, W.F.C., R.I.P., J.L., J.W., and
C.L.T prepared the samples, R.I.P., C.L.T., C.T., and M.L. coordinated and/or performed the
irradiations; W.F.C., R.I.P., M.L., and C.T. coordinated, setup, and/or performed the
experiments; W.F.C, R.I.P., C.H.C., and G.B. performed analysis and interpretation of the
experimental data; W.F.C. drafted the manuscript along with input from all co-authors.

The following chapter involves understanding the role of microstructure, more
specifically the effect of grain size, on the response of nuclear fuel materials to highly
ionizing fission fragment-type irradiation. Motivation of this research is the evolving grain
morphology of nuclear fuel, and the formation of the so-called Rim Structure [92] during
operation characterized by grain fragmentation to the nanoscale. Recent experiments by
Tracy et al. [11], suggested a grain-size dependent redox response of CeO2 to SHI
irradiation. To accomplish this objective and to better understand how irradiation-induced
redox changes depend on the grain size:
1. What is the extent of this effect across a wider range of nuclear fuel related
compositions?
2. What are the mechanisms that dictate a grain size dependent response?
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Question (1) will be investigated through the irradiation and characterization of
microcrystalline and nanocrystalline samples of CeO2, ThO2, and UO2. The cation valence
plays a critical role in the redox response and the chosen materials cover the range from
monovalent cations (Th) to multivalent cations (Ce, U). These samples will be irradiated
under identical conditions and characterized by means of synchrotron XRD and Raman
spectroscopy. Addressing question (2) involves comparing and contrasting the induced
defect structure with respect to the grain size of the sample and chemical composition, and
combining results this research with previous results in the literature, the mechanisms
which cause the grain size-dependent response can be better understood.

3.1 Abstract
Microcrystalline and nanocrystalline UO2, ThO2, and CeO2 (~2 μm and~20 nm
particle size, respectively) were irradiated with 946 MeV Au ions at room temperature and
characterized by synchrotron X-ray diffraction, Raman spectroscopy, and transmission
electron microscopy. All samples show a small increase in unit cell parameter as a function
of ion fluence (0.17  0.03 % for CeO2 and 0.11  0.03 % for ThO2), except
microcrystalline UO2, which displays a small contraction of the unit cell (-0.06  0.02 %).
Raman spectroscopy measurements of microcrystalline UO2 indicate an increase in
nonstoichiometry after irradiation. All bulk materials are subject to an increase in
heterogeneous microstrain, most notably UO2, implying that the relatively small changes
in unit cell parameter are accompanied by substantial local disorder induced by isolated
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defects. The magnitude of volumetric swelling for all materials is larger in the
nanocrystalline form as compared with the microcrystalline form (0.38  0.60 % for CeO2,
0.14  0.03 % for ThO2, and 0.52  0.13 % for UO2). ThO2 shows the smallest difference
in swelling between the microcrystalline and nanocrystalline samples (~0.03 %). All
nanocrystalline materials exhibit irradiation-induced grain coarsening along with a
decrease in heterogeneous microstrain with increasing ion fluence, except nanocrystalline
CeO2, which shows no observable change in grain size and a slight increase in
heterogeneous microstrain attributed to the accelerated formation of a secondary Ce11O20
phase evidenced in the X-ray diffraction data, present in both nanocrystalline and
microcrystalline materials. Surprisingly, nanocrystalline UO2 exhibits a significant degree
of swelling indicative of a decrease in oxygen content along with an increase in disorder
induced by oxygen loss at grain boundaries during irradiation, based on the analysis of Xray diffraction and Raman spectroscopy.

3.2 Introduction
The study of nanocrystalline materials has grown immensely in recent decades due
to their often enhanced functionality relative to microcrystalline materials of the same
composition [93]. Nanomaterials can exhibit superior chemical, mechanical, and electrical
properties, which improves their performance for energy applications [94]. In the context
of nuclear fission and fusion energy systems, nanostructured materials often exhibit
unusual responses to irradiation, depending on the irradiation conditions and the
composition and structure of the material. For example, nanocrystallinity can improve
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radiation tolerance as a result of the large number of grain boundaries that act as highly
efficient sinks for defect annihilation [95, 96]. In other cases, materials that are typically
resistant to energetic ion irradiation in bulk are readily amorphized as nanocrystallites [97].
Nanocrystalline ceramics can also be susceptible to irradiation-induced grain growth,
which is undesirable for many engineering applications [98, 99].
The radiation response of nanostructured materials is typically attributed to the
competing effects of three distinct properties [100]: (i) high grain-boundary densities, (ii)
high surface energies, and (iii) increased confinement of excited phonons and electrons.
The first effect tends to enhance the radiation tolerance of nanomaterials over coarsegrained materials because grain boundaries are efficient sinks into which mobile
irradiation-induced defects can be absorbed and annihilated. High surface energies, on the
other hand, can lead to instability under irradiation due to an enhanced driving force for
structural modifications that minimize a system’s free energy, such as phase
transformations or changes in grain size. Lastly, radiation-induced phonons or excited
electrons, such as those produced by swift heavy ion irradiation, are more confined in
nanomaterials due to the large density of grain boundaries, where the periodicity of the
lattice is obstructed, which acts as a scattering barrier to cell-to-cell phonon or electron
transport. The resulting hampered energy transfer across the material will lead to more
radiation damage due to the highly localized nature of energy deposition within grains of
diameters on the order of nanometers [101]. Whichever process dominates, the radiation
damage mechanism will determine whether a nanostructured material will show more or
less radiation tolerance, relative to a microscale material. In order to better understand the
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response of nanostructured materials to ion irradiation, it is necessary to establish the
relation between structural stability (resistance to volumetric swelling and phase changes)
and variations in grain size.
To elucidate the response of common nuclear energy materials to highly energetic
ion irradiation, the structural stabilities of microcrystalline and nanocrystalline CeO2,
ThO2, and UO2 were investigated. These fluorite-structured (𝐹𝑚3̅𝑚) oxides are important
as surrogate, candidate, and current nuclear fuel materials, respectively. Under operational
reactor conditions, nuclear fuel experiences damage from a mixed radiation field with
appreciable effects from neutrons, alpha particles/recoil nuclei, and energetic ion fragments
from fission. Accounting for most of the damage within the fuel, energetic fission
fragments with high kinetic energies (~100 MeV) initially deposit this energy to the
material via electronic excitation and ionization processes. Swift heavy ions from large
accelerator facilities can be used to simulate this type of electronic energy deposition under
well-controlled irradiation conditions. Energy is initially deposited to the electron
subsystem of a given material and is subsequently dissipated to the atomic system through
electron-phonon interactions. The effect of this dense electronic excitation depends on the
structure of the material. In most insulators, swift heavy ions create cylindrical damage
zones known as ion tracks [102, 103]. The accumulation and overlap of these ion tracks
can lead to amorphization [104], order-disorder phase transformations [105], crystallineto-crystalline phase transformations [106], extended defects [107], and isolated defect
formation independent from the ion track [108].
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Fluorite-structured oxides have been studied in detail under swift heavy ion
irradiation and the formation of defects is typically observed in these relatively
amorphization-resistant materials [4, 5, 9, 13, 14, 20, 34, 48, 109, 110]. However, there are
only a limited number of studies of how grain size, and particularly nanocrystallinity,
affects the radiation response. This is particularly important for understanding the radiation
behavior of UO2 at high burnup, which is characterized by significantly reduced grain size
as compared with fresh nuclear fuel prior to its irradiation in a reactor [92, 111]. In addition,
it has been recently shown that the three materials’ radiation response is highly dependent
on redox behavior [110]. ThO2 seems to be the reference in terms of redox response,
preferentially maintaining stoichiometry due to the monovalent thorium cation. In contrast,
CeO2 tends to be reduced and UO2 tends to be oxidized under swift heavy ion irradiation.
In order to gain a deeper understanding of the influence of grain size and redox response
on the structural stability and defect structure under swift heavy ion irradiation,
microcrystalline and nanocrystalline CeO2, UO2, and ThO2 samples were irradiated with
946 MeV Au ions and characterized by means of synchrotron X-ray diffraction (XRD),
Raman spectroscopy, and transmission electron microscopy (TEM).

3.3 Experimental
3.3.1 Irradiation

Polycrystalline samples of CeO2, ThO2, and UO2 were acquired from commercial
vendors and the corresponding nanocrystalline compounds were prepared from these
starting materials by high-energy ball milling. Details regarding the ball milling method
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are reported elsewhere [112]. Both micro- and nanocrystalline powders were uniaxially
pressed into holes of 100 μm diameter that were drilled into 50 μm-thick molybdenum
sheets, which served as sample holders for ion irradiation and synchrotron XRD
characterization. The process resulted in sample pellets that were ~50 % theoretical density
[113].
All

samples

were

irradiated

at

the

GSI

Helmholtzzentrum

für

Schwerionenforschung in Darmstadt, Germany. The irradiation experiments were
performed at room temperature and in vacuum at the M2 beamline of the UNILAC
accelerator. Samples were irradiated with 946 MeV 197Au ions to ion fluences ranging from
1×1011 to 3×1013 ions/cm2. All six materials (three micro- and three nano-materials) were
simultaneously irradiated to each fluence with a ~1 cm2 beam spot in order to minimize
fluence uncertainties among the different samples. The ion-beam flux was limited to
~1×109 ions cm-2 s-1 in order to avoid bulk heating of the materials. The stopping power
and projected range of Au ions in each sample composition were calculated using the
SRIM-2008 code [114], including corrections for the lower density of the samples, as
described by Lang et al. [115]. The projected ion range (70 µm for CeO2 and ThO2, and 64
µm for UO2) exceeded in all materials the sample thickness (50 µm), ensuring that the Au
ions fully penetrate the samples and induce a nearly uniform energy-deposition profile
along their paths. Given the high kinetic energy of the ions, electronic energy loss
dominates (23.3 keV/nm for CeO2, 24.1 keV/nm in ThO2, and 26.4 keV/nm for UO2) with
negligible contribution from nuclear energy loss (0.04 keV/nm for CeO2, 0.05 keV/nm in
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ThO2, and 0.06 keV/nm for UO2). More details on the preparation of small sample platelets
and their irradiation can be found elsewhere [115].
3.3.2 Characterization
Structural modifications after irradiation were characterized by angle-dispersive
XRD experiments using beamline 16-BM-D (HPCAT sector) of the Advanced Photon
Source at Argonne National Laboratory. A monochromatic beam of 29.2 keV (λ=0.4976
Å) X-rays was used in transmission geometry to measure the small sample platelets after
irradiation, as described in detail elsewhere [115]. Debye rings were recorded utilizing a
Mar345 image plate detector with a collection time of 300 seconds. Diffraction images
were integrated into X-ray diffractograms using Dioptas [116], and unit-cell parameters
were determined via Rietveld refinement [87] performed with Fullprof [117].
The average grain size of the microcrystalline and nanocrystalline CeO2 samples
was determined prior to irradiation by transmission electron microscopy, confirming high
energy ball milling produced a nanoscale material. The measured grain size was correlated
with the domain sizes derived from XRD patterns using the Scherrer equation [118]. This
procedure allowed: (i) the independent characterization of starting material grain size with
two experimental methods, (ii) the use of the XRD measurements to determine the change
in grain size with increasing ion fluence, normalized to the TEM and XRD measurements
of CeO2, and (iii) the avoided the need for TEM characterization of radioactive materials
and tedious preparation procedures for the irradiated samples. The average grain sizes
derived by TEM were ~2 μm and ~20 nm as compared with ~2 μm and ~15 nm obtained
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from XRD measurements for the microcrystalline and nanocrystalline CeO2 starting
materials, respectively (Fig. 13).
Raman spectroscopy was performed on UO2 samples as a complementary method
of probing structural modifications. A Horiba LabRAM HR Evolution instrument with an
excitation laser (785 nm wavelength), coupled with a detector cooled to liquid nitrogen
temperatures was utilized. Laser power was limited to ~1 mW to avoid oxidation and
annealing. Five measurements were taken at different locations on each sample under the
same conditions and averaged after normalization to the T2g peak and background removal.

3.4 Results and Discussion
3.4.1 Microcrystalline materials
Upon irradiation, all diffraction maxima shift to lower 2 values, with the shift
being larger for higher fluences (Fig. 14b). This behavior has been previously observed in
swift heavy ion irradiated fluorite-structured oxides and can be explained by an increase in
the unit-cell parameter due to the accumulation of point defects and defect clusters [19].
Concurrent peak broadening and a decrease in peak intensity with increasing ion fluence
are indicative of local structural distortions and heterogeneous microstrain that accompany
the formation of defects. A similar evolution of XRD patterns with ion fluence is observed
for microcrystalline ThO2, as expected from previous experiments [13]. Only small
changes were apparent in the XRD maxima positions for UO2 up to the maximum fluence
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Figure 13. High-resolution transmission electron microscopy image of nanocrystalline
CeO2 powder sample. The average grain size prior to irradiation was determined to be ~20
nm based on measuring the diameter of grains.
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Figure 14. XRD patterns of microcrystalline CeO2 before and after irradiation with 946
MeV Au ions to different fluences showing (a) the entire pattern and (b) an enlarged view
of the most intense (111) diffraction maximum. All Bragg peaks shift to lower 2 and
broaden with increasing ion fluence due to defect-induced volumetric expansion and
microstrain/domain size changes, respectively.
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of 3×1013 ions/cm2, although broadening of the maxima was comparable to that of CeO2
and ThO2.
Several new diffraction maxima become apparent in the diffraction data for
microcrystalline CeO2 at the maximum ion fluence. This agrees with previous results that
show secondary phase formation in nanocrystalline CeO2, which is attributed to irradiationinduced redox effects [110]. These emerging peaks were fit with a defect, nonequilibrium
fluorite-derivative phase. The 𝑃1̅ space group of this Ce11O20 phase, as shown in [119],
shows an inherent divergence in symmetry from the fluorite structure. The simple cubic
“cages” of oxygen within the fluorite structure are maintained but are distorted in this phase
in order to incorporate the irradiation-induced reduced trivalent cations and oxygen
vacancies into the structure. Oxygen vacancies are ordered at 2i sites in the triclinic unit
cell. This phase has only been observed in high temperature, nonequilibrium conditions
[120]. Swift heavy ion irradiation has been shown to cause phase transformations to
nonequilibrium phases not observed at standard temperatures and pressures [106].
In order to quantify the amount of volumetric swelling in all materials, Rietveld refinement
was applied and the changes in unit-cell parameter were determined for each fluence
(Figure 15). The unit-cell parameters for CeO2 and ThO2 initially increase linearly in the
initial irradiation stage and saturate at larger fluences. This trend is in agreement with a
single-impact behavior [121-123]. The data were fit using the equation [124]:
𝛥𝑎 𝑎() − 𝑎0 𝑎𝑠𝑎𝑡 − 𝑎0
=
=
(1 − 𝑒 − )
𝑎0
𝑎0
𝑎0

(1)

where a is the measured unit-cell parameter, a0 is the reference unit cell parameter of each
unirradiated sample (micro- and nano-), asat is the saturation value of the unit cell
55

parameter,  is the cross-sectional ion track area, and  is the ion fluence. The relative
saturation values for the unit-cell parameter increase derived from the fits are 0.17  0.03
% and 0.11  0.03 % for CeO2 and ThO2, respectively. Assuming cylindrical ion tracks,
the effective track diameters, d (𝜎 = 𝜋 ∙ (𝑑/2)2), are 4.5  0.8 nm for CeO2 and 3.9  0.8
nm for ThO2. The saturation value of swelling of CeO2 is somewhat larger than that of
ThO2 (0.06 %), indicating a higher damage efficiency under swift heavy ion irradiation.
This difference in damage accumulation behavior was previously attributed to the cerium
cation having more accessible oxidation states as compared with monovalent thorium
[110].
Microcrystalline UO2 shows no unit-cell expansion, but rather a very small unit-cell
contraction after SHI irradiation. This is in agreement with the results of Hayashi et al.
[109], which illustrate that in the electronic energy loss regime, typically very high ion
fluences are needed to cause significant volumetric swelling of polycrystalline UO2. The
study by Hayashi et al. also suggests that the volumetric swelling of polycrystalline UO2
follows a double- or multiple-impact behavior [124], with minimal damage appearing until
ion tracks begin to overlap significantly. This is in contrast to the single-impact behavior
observed for CeO2 and ThO2. However, similar to CeO2 and ThO2, heterogeneous
microstrain for UO2 follows a single impact evolution as a function of increasing ion
fluence.
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Figure 15. Radiation-induced changes in unit-cell parameter as a function of ion fluence
for microcrystalline and nanocrystalline CeO2, ThO2, and UO2, based on refinement of
corresponding XRD patterns. The curves represent fits to the data points based on a singleimpact model. It is noted that the ion-induced swelling of the materials shown is for CeO2
based on the original phase, i.e., contributions from the secondary phase are excluded.
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3.4.2 Nanocrystalline Samples

The XRD patterns of the irradiated nanocrystalline materials show, qualitatively,
responses similar to those of the microcrystalline counterparts, with attenuation and shifts
of diffraction maxima. Refinement of the XRD patterns exhibit a similar trend with
increasing ion fluence as was observed in the microcrystalline samples, following a singleimpact mechanism (Fig. 15). However, the saturation values of the unit-cell parameters are
much larger for the nanoscale materials, evidencing an increased susceptibility to radiation
damage. The most dramatic difference is observed for UO2, which is the least radiation
tolerant compound of the three in nanocrystalline form, in contrast to its superior resistance
to radiation-induced volumetric changes in its microcrystalline form. The smallest
difference in the radiation response of both sample types is seen in ThO2 (Fig. 15). Fitting
equation (1) to the data yields ion track diameter values of 3.9  0.8 nm, 5.1  1.1 nm, and
3.4  0.9 nm for nanocrystalline CeO2, ThO2, and UO2, respectively. The saturation values
were determined to be 0.38  0.60 % for CeO2, 0.14  0.03 % for ThO2, and 0.52  0.13
% for UO2. Thus, UO2 exhibits the largest swelling of all three nano materials and ThO2
the smallest, with a factor of four difference among them.
No amorphization is observed in any of the three nanomaterials despite their
enhanced susceptibility to swift heavy ion induced structural modifications. For CeO2,
however, a phase transformation is evident in the XRD patterns at fluences above 4×1012
ions/cm2 with the appearance of additional diffraction maxima. Figure 16a shows the
stacked XRD patterns of nanocrystalline CeO2 as a function of increasing ion fluence.
Several new diffraction maxima become visually apparent beginning at 8×1012 ions/cm2 at
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Figure 16. (a) X-ray diffractograms of nanocrystalline CeO2 as a function of increasing
ion fluence (given in units of cm-2). The arrows indicate the emergence of new diffraction
maxima related to a secondary phase. The secondary phase grows at the expense of the
original fluorite phase as shown for the 004 peak in the inset. (b) Comparison of the relative
phase fraction of the Ce11O20 phase in comparison to the nominal fluorite phase as a
function of ion fluence for microcrystalline and nanocrystalline materials.
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2θ values, which are consistently lower (~5º) than those of the initial fluorite-structure
peaks (Fig. 16 inset). These secondary maxima grow at the expense of the initial peaks and
eventually dominate the XRD pattern for the highest fluence of 3×1013 ions/cm2. The peaks
were fit with the same triclinic Ce11O20 phase used to fit the secondary phase in the
microcrystalline material. The peak widths are similar to those of the original phase,
indicating that the new phase is also composed of submicron domains. The relative phase
fraction of the emergent phase monotonically increases after the incubation fluence for
nanocrystalline and microcrystalline materials (Fig. 16b).
Swift heavy ion irradiation can induce crystalline-to-crystalline phase
transformations otherwise not observed in conventional high-temperature or high-pressure
phase diagrams [106]. In the case of nanocrystalline CeO2, an incubation fluence of 4×1012
ions/cm2 is needed until the Bragg peaks of the new phase become detectable as compared
with an incubation fluence of 3×1013 ions/cm2 in the microcrystalline material. Based on
the cross section deduced from the swelling of the original nano-CeO2 phase (Fig. 15), this
is approximately the fluence at which ion tracks begin to extensively overlap. Under further
irradiation the secondary phase continues to grow while defect accumulation saturates in
the original phase. This type of behavior indicates that a multi-impact mechanism is
responsible for the accelerated formation of the secondary Ce11O20 phase. Phase
transformations requiring more than one ion impact have also been observed in other
oxides, such as the monoclinic-to-tetragonal transition in ZrO2 [125, 126]. In the present
study, the secondary nonstoichiometric Ce11O20 phase has a fluorite-like structure with
much distortion and ordered oxygen vacancies, accompanied by the reduction of
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tetravalent cerium to the trivalent state [127, 128]. Hull et al. [129] reported that with an
increase in oxygen deficiency oxygen vacancies begin to order in bulk CeO2-x. This implies
formation of pockets or entire domains of this hypostoichiometric phase driven by highly
ionizing ion irradiation and the resultant loss of oxygen and reduction of cerium atoms
[110].
Broadening of XRD maxima can be attributed largely to two processes namely (i) the
accumulation of heterogeneous microstrain and (ii) the reduction in grain size. In order to
distinguish microstrain effects from size effects, Williamson-Hall analysis [88] was
utilized (Figure 17a). The widths of the diffraction maxima, derived by fitting with PseudoVoigt peaks for all three nanomaterials, increase with increasing 2. No anisotropic peak
broadening was observed in diffraction patterns. Heterogeneous microstrain values, as a
function of ion fluence, were obtained from the slope of this increase in width as a function
of 2 (i.e., the slope of the Williamson-Hall plot), shown in Figure 17(b-d). Both ThO2 and
UO2 exhibit a monotonic decrease in microstrain with increasing ion fluence, while CeO2
shows a small increase in microstrain with increasing ion fluence. These behaviors were
found to be correlated with changes in grain size, which can be estimated by noting the yintercept on the Williamson-Hall plot. Typically, fluorite structured materials with
nanometer-size grains are highly susceptible to irradiation-induced grain growth [130].
The evolution of the peak width under ion irradiation was analyzed for all three
nanomaterials by applying the Scherrer equation after removing the contribution of the
instrumental broadening and broadening from microstrain:
𝐷 = (𝐾𝜆)/(𝛽 𝑐𝑜𝑠 𝛳)

(2)
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Figure 17. Heterogeneous microstrain for nanocrystalline (b) UO2, (c) CeO2 and (d) ThO2
derived from (a) Williamson-Hall analysis shown for nanocrystalline ThO2. For ThO2 and
UO2, microstrain monotonically decreases due to annihilation of stress inducing grain
boundaries. For CeO2 the microstrain increases probably due to the size mismatch between
the nominal CeO2 and secondary Ce11O20 phase.
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where D is the mean domain size, K is a constant accounting for the crystallite shape
(spherical crystallites are assumed),  is the x-ray wavelength,  is the peak broadening
without contribution from the instrument or microstrain, and  is the position of the
diffraction maximum. As mentioned previously, the y-intercept of the Williamson-Hall
plot is 𝛽 𝑐𝑜𝑠 𝛳. All nanomaterials had an initial grain size of about 20 nm (based on TEM
measurements) prior to irradiation and ion-induced changes were observed for all three
compounds. Nanocrystalline ThO2 and UO2 show a similar average grain size increase as
ion fluence increases, with ThO2 having a slightly steeper growth as compared with UO2
(Fig. 18). Energetic ion irradiation-induced grain coarsening has been reported for several
fluorite-structured materials. For example, Aidhy et al. have attributed irradiation-induced
grain-coarsening to a so called “fast growth” disorder driven mechanism instead of the
conventional grain-rotation driven and curvature-driven grain growth [99]. This
mechanism is attributed to the disordering within a grain volume induced by ion irradiation
that leads to a consumption of the disordered volume by surrounding grains rather than
defect recovery. In this study, the grain size increases for UO2 and ThO2 are substantial
(100-175 %) in the applied fluence range. The measured grain sizes of these materials are
about two times larger after irradiation to 3×1013 ions/cm2 (Fig. 18). This can be used to
explain the decreasing microstrain behavior for ThO2 and UO2 as stress-induced grain
boundaries are annihilated during grain coarsening.
Due to the large error bars on the data points for lower ion fluences and poor
resolution of the peaks corresponding to the initial fluorite-structured phase at high
fluences, the grain size trend for CeO2 is difficult to decipher. This difficulty is likely
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Figure 18. Relative change in grain size as a function of ion fluence for nanocrystalline
ThO2, UO2, and CeO2 derived from peak-width increase in XRD pattern analyzed by the
Scherrer equation. Error bars were obtained from propagation of the standard error from
Williamson-Hall linear fits applied to take into account microstrain contributions to the
peak width changes. Dashed lines are drawn to guide the eye. In contrast to the actinide
oxides, no consistent trend is apparent for CeO2, and the overall grain size does not change
significantly over the applied fluence range.
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attributable to the concomitant emergence of new peaks corresponding to the Ce11O20
phase. The appearance of the secondary phase could also explain the only small amount of
measured increase in microstrain, as its incorporation involves a unit cell volume mismatch
between the two phases.
3.4.3 Micro- versus Nano-grain Structure

The effects of grain size on radiation response have been studied for many material
systems [96, 98, 131-133]. The present study is unique in that the different materials were
simultaneously irradiated by swift heavy ions to a given fluence by using micrometer-sized
samples. Identical irradiation conditions with minimal fluence uncertainties enabled the
detection of even small deviations in radiation response as a result of grain size or sample
composition. The qualitative behavior under irradiation is similar for all materials studied
(with the exception of microcrystalline UO2) and is characterized by defect accumulation
following a single-impact mechanism. The fluorite structures of these materials are
generally tolerant of radiation damage, exhibiting no evidence of amorphization. The rate
of damage accumulation, which is linked to the effective damage cross-section and track
diameter, fluctuates among the different types of materials. Figure 19 shows relative track
sizes derived from equation 1 and the associated uncertainties, along with a shading and
color within the track that corresponds to the degree of unit-cell expansion or contraction
at saturation. No influence of grain size (micro versus nano) of the material on its ion track
diameter is observed. This is reasonable since the same ion and energy has been used, thus,
inducing a comparable energy loss in all materials. Track diameters are similar within +/65

0.6 nm for a given irradiation condition for a wide range of ceramic materials [134].
However, the type of defects or defect density within a track, as expressed by the saturation
of volumetric swelling, changes significantly between nanoscale and microscale materials,
as illustrated in Figure 19. This saturation value also provides a more reliable quantification
for the comparison of the different samples, as it is not affected by the rapid increase of
volumetric swelling during the early stages of damage accumulation (linear regime in the
single-impact behavior) but is a saturation value in the limit at very large fluences. The
differences between micro- and nano-grain sized materials are most dramatic for UO2,
which is in its microcrystalline form the most resistant material studied, while for
nanometer sized grains it is the least resistant. Overall, the degree of volumetric swelling
under swift heavy ion irradiation is larger in nanocrystalline materials as compared with
the microcrystalline counterparts. This is different from what is generally reported in
radiation damage studies using low-energy ions or neutrons. The observed behavior can be
explained by several distinct processes which are unique to swift heavy ion matter
interactions.
Thermodynamic considerations of the target material may play an important role
during the rapid and intense energy depositions of swift heavy ions. Nanomaterials with a
high density of grain boundaries and internal surfaces have a large amount of stored free
energy. The perturbations induced by swift heavy ion irradiation can drive microstructural
or atomic structure changes that minimize this energy.
This probably explains the observed coarsening of nanometer-sized grains in
response to ion irradiation. Because chemical composition partly determines the energies
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Figure 19. Relative track sizes including uncertainties (dashed line) derived from singleimpact fits to the unit-cell data versus fluence, shown in Fig. 15. Shading and color within
the representative tracks scale with the degree of swelling or contraction of the unit-cell
parameter at saturation for each sample.
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associated with grain boundaries and surfaces [135], different materials will experience
different driving forces for reducing the free energy, such as volumetric swelling, change
in grain size, or phase transformations. Therefore, each nanocrystalline material undergoes
different a microstructural evolution under irradiation in order to minimize its total free
energy, causing the observed compositional variance in the effects of nanocrystallinity on
the irradiation-induced unit cell expansion.
The more efficient damage accumulation observed for nanomaterials can also be
explained in terms of the electronic configurations of the three cations (cerium, thorium,
and uranium). Thorium, which shows the least variation in its radiation response between
the two types of starting materials, is monovalent in the oxide form. In contrast, cerium
and uranium are multivalent, with cerium showing a general trend to reduce (Ce4+ → Ce3+),
while uranium tends to oxidize (U4+ → U5+/U6+) depending on the experimental conditions.
UO2 and CeO2 significantly differ in their radiation response behavior between micro- and
nanocrystalline samples, which correlates with an irradiation-induced enhancement of
redox behavior. The reduction of cerium in CeO2 under swift heavy ion irradiation may
represent an efficient damage mechanism, leading to additional swelling due to an increase
in ionic radius of cerium, which induces microstrain [30, 110]. This has been confirmed by
TEM studies, which showed that in fluorite-structured materials, ion tracks can exhibit an
oxygen-deficient core surrounded by an oxygen-rich shell [27]. The oxygen segregation
distance was determined to be ~19 nm, which is very similar to the domain size of the
nanocrystalline samples of the present study (~20 nm). Therefore, it is possible that the
loss of oxygen from a grain to its boundary or void space occurs. At very high fluences,
68

the loss of oxygen in CeO2 may be so severe that the secondary Ce11O20 phase formation
is accelerated as compared with its formation in microcrystalline materials (Fig 16b).
Displaced oxygen atoms need not necessarily leave the sample, but can accumulate at grain
boundaries or form complex oxide defects, such as peroxide-type defects, which were
identified from neutron total scattering studies of ion irradiated CeO2 [34]. Anion defects
are typically unstable and annihilate quickly at moderate temperatures in microcrystalline
fluorite structured oxides [20, 48, 136]. However, if oxygen efficiently reaches the grain
boundary and leaves the system, the annihilation of anion defects would be less effective
within the grain. This would result in a larger degree of swelling in the nanomaterial
because the effective damage cross section per ion is on the order of the domain size, and
oxygen deficiency causes the accelerated formation of a secondary Ce11O20 phase. A recent
study on swift heavy ion irradiated platinum nanocrystals showed a clear size effect on the
irradiation-induced desorption of hydrogen: smaller nanocrystals required less fluence for
similar desorption levels in the larger nanocrystals [137], similar to the oxygen loss
evidenced in nanocrystalline as compared with microcrystalline CeO2 samples in this
study.
In contrast to UO2 and CeO2, ThO2 does not display a large difference in swelling
between its micro- and nanocrystalline forms. Douglas et al. [138] suggested that defect
aggregates, such as dislocation loops produced during irradiation, tend to form on or rotate
to planes where stoichiometry is minimally disturbed. This implies that ThO2 can
efficiently minimize the effects of irradiation on its local chemistry and stoichiometry,
which agrees with the fact that this compound does not deviate from its stoichometry. Since
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CeO2 is known to reduce under irradiation conditions [110], defect production may result
in more complex defect clusters or dislocation networks that are suppressed in ThO2.
Defect clusters can incorporate reduced cations with differing ionic radii, adding to the
volumetric swelling (e.g., Ce4+ has an ionic radius of 0.97 Å and reduces to Ce3+ with an
ionic radius of 1.143 Å [139]). Recently, the radiation response of ThO2 and CeO2 has been
studied by means of neutron total scattering with a focus on local modifications. Palomares
et al. [34] suggested that although similar defects are formed in the two isostructural
materials, irradiation induces different effects on the local structure. Local distortions in
CeO2 are indicative of vacancy accumulation, whereas modifications in ThO2 are driven
by larger defects and/or local distortions that may maintain local chemistry and
stoichiometry.
While the difference in radiation response of CeO2 and ThO2 can be explained in
terms of redox behavior, a comprehensive description of swift heavy ion induced structural
modification in UO2 cannot be obtained based on the present data. Previous studies on bulk
powder, sintered, or single crystal UO2 reported measurable swelling only at very high
fluences (higher than those in this study), and this effect was thought to be due to
implantation effects [4, 5, 9, 109]. Figure 20 highlights the dramatic difference between
the radiation response in micro- (Fig 20) and nanocrystalline (Fig 20b) UO2 in terms of
volumetric changes and microstrain (as presented in Figs. 15 and 17). With increasing ion
fluence, microscale UO2 exhibits a small unit-cell contraction (-0.06  0.02 %)
accompanied by a significant amount of microstrain, whereas nanoscale UO2 shows a
significant unit-cell expansion (0.52  0.13 %) accompanied by a decrease in microstrain.
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function of fluence for (a) micro- and (b) nanocrystalline UO2.
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In order to gain more qualitative information on local structural modifications in
micro- and nanocrystalline UO2, Raman spectroscopy measurements were performed. The
evolution of the Raman spectra with increasing ion fluence for micro- and nanocrystalline
UO2 (Fig 21) shows two key features that appear in all samples, as has been previously
reported: (i) the T2g peak (445-460 cm-1) corresponding to the pristine fluorite structure
[140] and (ii) the defect bands (500-700 cm-1) that are indicative of symmetry breakdown
as they are Raman forbidden in pristine UO2 and only appear when defects interact with
fluorite-structure phonons [141]. The signal between 500-700 cm-1 appears to arise from
the confluence of two peaks (~575 and ~630 cm-1) previously reported as U2 and U3,
respectively. The U2 peak is assigned to general lattice disorder while the U3 peak has been
attributed to the presence of excess oxygen defects in the system [142-147]. For
microcrystalline samples, the intensity of the defect bands, in comparison to the T2g peak,
grows with increasing fluence and eventually surpasses it (Fig 21). Within the defect peak
region, the U3 peak appears to become more pronounced as compared with the U2 peak.
This could imply an initial confinement of excess oxygen to the subsurface or an oxygen
gradient between the inner of the grains and the subsurface region at which irradiation
reverses due to radiation enhanced diffusion leaving behind an oxidized grain and possibly
clustering of oxygen interstitials. This explanation agrees with the unit cell parameter trend
and previous studies on UO2+x [127, 146, 148-151]. This complex redox behavior is
responsible for the observed radiation response of UO2, which shows that with increasing
excess oxygen, the unit-cell parameter decreases [127, 146, 148-151] along with an
increase in disorder-induced microstrain due to extended defect formation as the excess
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oxygen is incorporated into the structure (Fig 20a). For nanocrystalline samples, the defect
bands are initially much greater in intensity than the T2g peak and decrease relative to the
T2g peak with increasing ion fluence (Fig 21). In contrast to the microcrystalline samples,
the U3 peak seems to decrease as compared with the U2 peak, with increasing fluence,
implying the loss of excess oxygen from the material and increasing lattice disorder.
Again, the unit cell parameter data provides a possible explanation to this behavior.
Initially, the unit cell parameter is 5.436 Å, which according to previous work implies an
oxidized sample, [127, 146, 148-151]. With increasing ion fluence, the unit-cell parameter
increases with decreasing microstrain due to grain coarsening (Fig 20b), which could imply
less excess oxygen in the system relative to the starting state. Samples with smaller grains
have higher surface areas and, since UO2 surfaces readily oxidize when exposed to air
[152], we suggest that this yields higher initial oxidation for the nanocrystalline UO2 as
compared with microcrystalline UO2. This is confirmed by the difference in position of the
T2g peak in the micro- (446 cm-1) and nanocrystalline (460 cm-1) samples, which has
previously been attributed to oxidation effects [146]. These observations lead to the
conclusion that the initial nanocrystalline UO2 samples could be closer stoichiometrically
to U4O9 than UO2. It is known that submicron-sized U4O9 can exist without superstructures
which could be why there is no evidence of the U4O9 phase in the diffraction data [153].
However, irradiation induces grain coarsening, decreasing the surface area available for
oxidation, in addition to possible oxygen expulsion from the smaller grains, leaving a more
oxygen-deficient and disordered grain behind, yet has less microstrain due to less strain
inducing grain boundaries. Another explanation could be that irradiation provides enough
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energy to produce phase separation between UO2 and U4O9, producing the boundary
compositions of the UO2+x phase diagram so that each phase has better oxygen distribution,
causing less microstrain. Since the grains are still submicron in size, it is possible that this
these two phases coexist without evidence of U4O9 in the diffraction data. In the largergrained microcrystalline samples, it is possible that irradiation-induced hyperstoichiometry at low fluences is eventually balanced by localized regions of hypostoichiometry at higher fluences [145], such that the unit cell parameter saturates to a small
negative value. This small change, however, does not reflect a small amount of disorder as
evidenced by the significant increase in microstrain that follows a single impact trend (Fig
20a.) In both micro- and nanocrystalline UO2, a small change in relative ratio of integrated
intensities between the (111) and (200) XRD maxima is observed, which could be partially
due to changes in stoichiometry. The ratio increased for increasing ion fluences in
microscale UO2, agreeing with the suggestion that less oxygen is located on regular lattice
planes in order to incorporate the excess oxygen. Alternatively, the ratio decreased in
nanoscale UO2, providing further evidence of phase ordering on oxygen lattice planes.
Further experiments are needed to explain the unique grain-size dependence of the
radiation behavior of UO2, such as X-ray absorption spectroscopy experiments in order to
determine the oxidation state [110] and total neutron scattering in order to understand the
local defect structures [34].

3.4 Conclusions
Irradiation of nanocrystalline (~20 nm) and microcrystalline (~2 μm) CeO2, ThO2,
and UO2 with 946 MeV Au ions results in an increase in the isometric unit cell parameter
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(except in the case of microcrystalline UO2 which exhibits a minor decrease in unit cell
parameter) due to the accumulation of defects. For all materials the damage process is
consistent with a single impact mechanism. X-ray diffraction data analyzed as a function
of fluence yield similar track diameters of ~4 nm for all three compositions within
experimental uncertainty. The swelling behaviors indicate the accumulation of point
defects and defect clusters with increasing ion fluence. The maximum unit-cell parameter
increase that occurred for a given composition showed a distinct trend, with the nanoscale
materials having a consistently higher saturation value. However, compared with the
effects of low-energy ion irradiation, the swelling is less for swift heavy ions, being well
below 1% for all materials. Nanocrystalline ThO2 and UO2 are subject to irradiationinduced grain coarsening, while nanocrystalline CeO2 showed no consistent effect. This
may be related to the formation of a secondary Ce11O20 phase that is evidenced in X-ray
diffraction patterns at very high fluences. The initial nanocrystalline phase is consistent
with a single-impact defect accumulation model and coexists with the secondary phase that
seems to swell ~4 times more than the initial phase. The presence of a secondary phase
with CeO2 is consistent with previous results indicating that the redox behavior of cerium
plays a major role in irradiation-induced defect formation and is greatly enhanced in
nanoscale materials. While ThO2 shows the smallest difference in volumetric swelling
between nano- and micro-sized samples, UO2 shows a dramatic difference. At the
microscale or in bulk, UO2 is the most resistant material to unit-cell parameter changes.
Yet, it still displays a significant amount of heterogeneous microstrain, indicative of
significant amounts of disorder. However, nanocrystalline UO2 exhibited by far the least
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radiation tolerance. This response to highly ionizing irradiation is probably linked to the
complex redox behavior of uranium, which is greatly enhanced in nanoscale grains. Since
UO2 is the most typical nuclear fuel and is known to undergo fragmentation into
nanocrystallites during reactor operation, these results suggest that the interplay between
swift heavy ions (including fission fragments) and the UO2 microstructure has important
implications for nuclear fuel stability during reactor operation.
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CHAPTER 4: THE INTERPLAY OF TEMPERATURE AND
HIGHLY IONIZING RADIATION
Portions of this chapter was previously published in the Journal of Nuclear
Materials by William F. Cureton, Raul I. Palomares, Cameron L. Tracy, Eric C. O’Quinn,
Jeffrey Walters, Maxim Zdorovets, Rodney C. Ewing, Marcel Toulemonde, and Maik
Lang. For this work, M.L, W.F.C, and C.L.T conceived the experiments, W.F.C., R.I.P.,
J.W., and C.L.T prepared the samples, W.F.C, R.I.P., C.L.T., M.Z., and M.L. coordinated
and/or performed the irradiations; W.F.C., R.I.P., M.L., and C.T. coordinated, setup, and/or
performed the experiments; W.F.C, R.I.P. and M.T. performed analysis and interpretation of
the experimental data; W.F.C. drafted the manuscript along with input from all co-authors.

Often under normal operation and accident scenarios, redox-driving extremes such
as irradiation are accompanied by additional environmental extremes (high temperature).
The interplay of these extremes and their effect on redox process in nuclear fuel materials
is not well understood. This chapter aims to investigate how environmental conditions
(e.g., irradiation temperature) influence the redox behavior and performance of nuclear fuel
materials under extremes. The specific focus of this chapter is understanding the role of
temperature on radiation-induced redox effects. This will be addressed by high temperature
irradiation of nuclear fuel materials and analogues (CeO2, ThO2, and UO2) and subsequent
synchrotron characterization to probe the effect on structure (XRD) and chemistry (XAS).
The induced defects will be correlated with the high temperature conditions during ionbeam exposure. Reference samples will be exposed to identical conditions without
irradiation (high temperature under vacuum) to disentangle the effect of temperature alone.
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The behavior will be compared with previous annealing experiments to help identify
synergistic effects that occur during irradiation at high temperature.

4.1 Abstract
Microcrystalline CeO2, ThO2, and UO2 were irradiated with 198 MeV

132

Xe ions

to the same fluence at temperatures ranging from 25 ℃ to 700 ℃ then characterized by
synchrotron X-ray diffraction and X-ray absorption spectroscopy. All samples retain
crystallinity and their nominal fluorite-type phase at a fluence of 1.5x1013 ions/cm2. Both
CeO2 and ThO2 display defect-induced unit cell expansion after irradiation at room
temperature (~0.15 % and ~0.10 %, respectively), yet as irradiation temperature increases,
the maximum swelling produced decreases to ~0.02 %. Alternatively, UO2 shows an initial
contraction in unit cell parameter (approximately -0.05 %), for room temperature
irradiation most likely related to irradiation-enhanced annealing or irradiation-induced
oxidation. At higher temperatures (above 200 ℃), UO2 begins to swell, surpassing its unit
cell parameter prior to irradiation (~ 0.05 %), an effect which could be attributed to minor
reduction in uranium oxidation state in vacuum. However, while CeO2 irradiated at room
temperature undergoes partial reduction, both UO2 and ThO2 exhibit no measurable change
in cation oxidation state as evidenced by X-ray absorption spectroscopy. All samples
display a decrease in irradiation-induced heterogeneous microstrain as a function of
increasing irradiation temperature.
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4.2 Introduction
Nuclear fuels are subject to extreme conditions including high temperatures, large
temperature gradients, evolving chemical composition, and intense irradiation from
neutrons, alpha particles, and energetic fission fragments. Such exposure leads to the
accumulation of defects that eventually manifest themselves in the microstructure and lead
to material degradation, limiting the lifetime of the fuel in the reactor. Due to the difficulty
of handling irradiated fuel from reactors and the wide variety of coincident radiation effects
(i.e., neutron damage, fission-fragment ionization effects, fission-product accumulation,
and fission gas bubble formation), characterization and decoupling of the effects of
individual damage processes are complex. The use of ion accelerators provides a valuable
tool for the simulation of select radiation effects in fuel materials in order to study, in
isolation, the mechanisms of one type of damage by maintaining well controlled
experimental conditions, such as irradiation temperature.
The use of swift heavy ions can specifically simulate the effects of electronic energy
deposition from energetic fission fragments, which have kinetic energies of approximately
100 MeV, masses in the approximate range 80-150 u, and initially deposit energy to
electrons at a magnitude of 18-22 keV/nm [5]. Swift heavy ions deposit energy primarily
via electronic excitation and ionization processes, and their generation by particle
accelerators allows for precise control of irradiation conditions. This energy deposition is
localized near the relatively straight ion path and causes electron cascades, followed by the
thermalization of electrons. Excited electrons then deposit energy to atoms in the system
via electron-phonon coupling causing rapid, local heating known as a thermal spike [45].
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This rapid heating can lead to local melting over short time scales before heat is quickly
dissipated, inducing rapid quenching in the structure [102, 103]. Atoms are hypothesized
to be partially or entirely freed from their sites during the rapid heating and their subsequent
reordering during the quench is kinetically-limited, which causes the formation of
cylindrical damage zones along the paths of ions known as ion tracks. In ceramics, rapid
quenching can cause the formation of point defects [108], formation of extended defects
[107], amorphization [104], order-to-disorder phase transformation [105], or crystallineto-crystalline phase transformation [106] within the track or in the bulk at sufficiently high
ion fluences.
Fluorite-structured (𝐹𝑚3̅𝑚) oxides with compositions of CeO2, ThO2, and UO2 are
important nuclear fuel and non-radioactive analogue materials and have been studied in
detail under swift heavy ion irradiation at room temperature [4, 5, 11, 13, 14, 20, 34, 48,
109, 154]. The three materials’ radiation response is heavily dependent on their redox
behavior [11, 12, 34]. CeO2 tends to reduce [11, 30] under swift heavy ion irradiation,
while UO2 is prone to oxidation under many conditions including under swift heavy ion
irradiation [28, 155]. Thorium typically remains in the tetravalent state in the oxide form,
such that its oxide maintains stoichiometry under irradiation [11, 13, 138]; therefore, ThO2
is a good control when investigating the redox response. While, higher temperature
irradiations are necessary to compare results with reactor-relevant conditions, studies of
how temperature (intimately tied to redox behavior) affects the swift heavy ion radiation
response are much more limited [37, 38]. Temperatures at the centerline of UO2 fuel pellets
approach ~1200 ℃ (and higher in some applications) and decrease parabolically along
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radial directions outward to temperatures as low as ~500 ℃. At the outer periphery of the
fuel pellet, an increase in resonance absorption and decrease in self shielding causes higher
fission rates. At high burnup levels, this causes important effects, such as the so-called “rim
effect” wherein extensive fission fragment damage, coupled with relatively low
temperatures (less annealing), induces grain fragmentation and leaves behind a porous
morphology at the periphery of the fuel pellet [17, 111, 156]. In addition, most of the
observed unit cell swelling in fuel occurs at fractional radii (from pellet center to the edge)
between 0.5 and 0.9 [157].
Here, we report the response of common nuclear fuel materials and analogues to
irradiation with a typical fission fragment (Xe) at temperatures relevant to fuel pellet rim
regions at normal operating conditions. The structural stability (resistance to
swelling/contraction or phase transformation) and the induced defect structure were probed
with synchrotron X-ray diffraction, while the redox response was investigated with X-ray
absorption spectroscopy.

4.3 Experimental
4.3.1 Irradiation

Polycrystalline powders of CeO2, ThO2, and UO2 (~2 m grain size [12]) obtained
from commercial vendors were uniaxially pressed into holes of 120 μm diameter drilled
into 12.5 μm thick molybdenum sheets, explained in detail elsewhere [19]. The resultant
compacts were determined to be ~50 % of theoretical densities, in agreement with [113].
Samples of each compound were irradiated in Kazakhstan at the Astana branch of the
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Institute of Nuclear Physics, Cyclotron DC-60 with 198 MeV 132Xe ions. Stopping powers
and ion ranges were calculated using the SRIM-2008 code [114]. Density-corrected
electronic stopping profiles as a function of sample depth are shown in Fig. 22 and confirm
that all ions completely penetrate the 12.5 μm thick sample pellets, avoiding implantation
effects or significant changes in the energy loss. The nuclear energy loss was greater than
two orders of magnitude lower than the electronic and can be thus neglected.
Samples were placed on stages with heating coils and were irradiated in vacuum at
controlled temperatures ranging from room temperature to 700 °C to a fluence of 1.5x1013
ions/cm2. In order to isolate the effects of irradiation at high temperature from just
thermally-induced modifications, control samples were heated in vacuum under identical
conditions, but in the absence of irradiation. The temperature profiles during the
experiments for each sample, including dwell time at the irradiation temperature, are shown
in Fig. 23. Heating ramp times ranged between 10 and 20 minutes, and cooling time
between 150 and 240 minutes.
4.3.2 Characterization

After irradiation, atomic structural modifications were probed by synchrotron X-ray
diffraction (XRD) at Argonne National Laboratory, Advanced Photon Source, beamline
16BM-D (HPCAT sector)[16]. Angle dispersive X-rays were utilized in transmission
geometry with a monochromatic 29.2 keV (λ=0.4246 Å) beam selected by a Si (111)
double-crystal monochromator with a focused beam spot size of 12 μm (vertical) by 5 μm
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Figure 22. Electronic Stopping Power profiles as a function of depth for 198 MeV Xe ions
in CeO2, ThO2, and UO2 determined by the SRIM-2008 code. Extent of shaded region and
dashed line represent sample thickness and signify that all ions completely penetrated
samples.
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Figure 23. Temperature profiles as a function of time for irradiation experiments.
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(horizontal). Resulting Debye-Scherrer rings were captured with a MAR345 image plate
detector with a collection time of 300 seconds. The beamline’s switchable diffractionabsorption setup allowed for collection of transmission X-ray absorption spectroscopy
(XAS) at the cerium K-edge (~40 keV) and at the thorium and uranium LIII-edge (~17 keV)
at the same sample location.
Radially integrated diffraction patterns were obtained using Dioptas [116]. The
patterns were analyzed via Rietveld refinement methods performed using Fullprof [117].
Analysis of XAS spectra was performed using the Athena software for normalization to
pre- and post-edges, while OriginLab was used in order to locate inflection points (edges),
utilizing the first derivative maximums and/or second derivative zeros.

4.4 Results
At each temperature, all three materials were irradiated simultaneously under
identical conditions. Upon irradiation at room temperature, all diffraction maxima of CeO2
and ThO2 shift to lower 2 values, yet an increase in peak positions of UO2 occurs (not
shown). This behavior is indicative of unit cell swelling due to accumulation of point and
extended defects [13, 34]. For all materials, concurrent peak broadening and a decrease in
peak intensity, compared to diffraction patterns from unirradiated samples, occurs during
irradiation at room temperature, an effect attributed to local structural distortions and
heterogeneous microstrain that accompany the presence of point defects and defect
clusters. After irradiation at higher temperatures, the shift and broadening in 2 becomes
less as irradiation temperature increases for CeO2 and ThO2. The evolution of the
diffraction maxima position and broadening for UO2 as irradiation temperature is increased
86

is more complex. Diffraction maxima initially shift to higher 2

values for room

temperature and 200 ℃ irradiation, but this reverses at higher irradiation temperatures.
Rietveld refinement was used to quantitatively analyze the unit cell behavior as a
function of increasing temperature. Each irradiated sample’s unit cell parameter was
compared with its respective unirradiated reference material’s unit cell parameter for each
temperature using the relation (Δa/a0), where Δa is the difference in unit cell parameter
and a0 is the unit cell parameter of the unirradiated reference material (Fig. 24). For CeO2
and ThO2, the data reveal that the magnitude of unit cell expansion is inversely proportional
to irradiation temperature for the same irradiation fluence. Swelling is lower at higher
temperatures due to a reduced concentration of defects or the formation of more complex
defects, which is attributed to the thermal annealing of irradiation-induced defects at high
temperature [20].
CeO2 and ThO2 show the same trend of divergence from the unirradiated unit cell parameter
(0.15 % and 0.08 %, respectively) following room temperature irradiation and decrease
toward, yet never fully return to the unirradiated value (Δa/a0 = 0 %) as the irradiation
temperatures increases. The reduction in unit cell parameter implies a lower concentration
of defects at higher temperatures due to higher recombination rates as point defects become
more mobile. In CeO2, an approximately linear decrease in the extent of swelling, as a
function of temperature, occurs initially with a more pronounced reduction of unit cell
parameters between 300 ℃ and 500 ℃. For ThO2, due to scatter in the data, a monotonic
decrease toward the pristine unit cell values between 200 ℃ and 700 ℃ is inferred. The
overall trend is most likely a step-wise reduction in unit cell parameter with increasing
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Figure 24. Normalized unit cell parameter of irradiated fluorite oxides relative to
unirradiated reference samples as a function of increasing irradiation temperature. Dashed
lines indicate changes of unit cell parameter with temperature and serve to guide the eye.
Error bars derived from Rietveld refinement.
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temperature, similar to CeO2, yet these details cannot be extracted from the data for ThO2.
The source of this scatter is unclear, as samples were irradiated simultaneously and
measured under identical conditions. In contrast to CeO2 and ThO2, UO2 shows a small
unit cell contraction between 25 ℃ and 200 ℃ (Δa/a0 = -0.05 to -0.07 %). The unit cell
contraction behavior at room temperature has been observed previously in swift heavy ion
irradiated UO2 [12]. After 200 °C, UO2 samples revert to swelling, increasing in unit cell
parameter to the unirradiated value between 200 ℃ and 400 ℃ (Δa/a0 = 0 %) and exceeds
the pristine value at 600 ℃ (Δa/a0 = 0.05 %).
Heterogeneous microstrain, quantified by broadening of X-ray diffraction peaks, serves as
an additional characterization metric of irradiation-induced changes in materials.
Williamson-Hall analysis [88] allows for X-ray diffraction maxima broadening to be
separated contributions from the accumulation of microstrain and changes in grain size. Xray diffraction maxima were fit with Pseudo-Voigt peaks in order to obtain accurate peak
positions and widths. Based on this analysis, no significant crystallite size change occurs
in any of the three oxides, which seems reasonable taking into account the fluence applied
[12]. The irradiation-induced microstrain, present in all three oxides, decreases as a
function of increasing irradiation temperature (Fig. 25).
Local distortions are highest in CeO2 for room temperature irradiation, then
monotonically decrease as a function of irradiation temperature at a rate that is slowed after
300 ℃. In ThO2, microstrain decreases between 25 ℃ and 700 ℃, with the most significant
decreases occurring between 25 ℃ and 200 ℃ and between 600 ℃ and 700 ℃. UO2
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Figure 25. Microstrain of irradiated oxide materials obtained from Williamson-Hall plots
as a function of increasing irradiation temperature. Dashed lines serve to guide the eye.
Errors determined from weighted linear fit during Williamson-Hall analysis based on peak
fitting uncertainties.
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exhibits a decrease in microstrain between 25 ℃ and 200 ℃, then remains relatively
constant as a function of increasing irradiation temperature. In all materials, the maximum
irradiation temperature was insufficient to fully suppress microstrain, which is consistent
with the remaining defect-induced swelling at these temperatures (Fig. 24).
XAS allows for analysis of irradiation- or temperature-induced redox behavior by
probing changes in the electronic structure of cations. CeO2 irradiated at room temperature
showed a negative shift in the position of the cerium K-edge of approximately 2.2 eV at a
fluence of 1.5x1013 ions/cm2 (Fig. 26a), indicating partial irradiation-induced reduction of
Ce4+ to Ce3+. A shift of 7 eV correlates to a complete reduction of all cerium cations [32].
Similar irradiation-induced reduction of CeO2 irradiated with 200 MeV [30, 39] and 167
MeV [11] Xe ions has been previously observed at room temperature. X-ray absorption
spectra obtained from CeO2 after irradiation at higher (200 ℃ and above) temperatures
showed no shift in the K-edge position, nor in post-edge shape, indicating no detectable
changes in valency of the Ce cation. ThO2 and, surprisingly, UO2 showed no shift in their
cation L-III edges and no change in post-edge shape, regardless of irradiation or
temperature (Fig. 26b).

4.5 Discussion
The observed decrease in swelling with increasing irradiation temperature is a welldocumented behavior for electron and low-energy ion irradiations. It is attributed to
thermally initiated defect recovery mechanisms that are common to most materials [158].
Damage observed in swift heavy ion irradiated fluorite-type structured oxides is mostly
attributed to defects and clustering on the oxygen sublattice. According to a recent high91

Figure 26. (a) XAS cerium K-edges normalized to pre- and post-edges (offset for ease of
viewing) measured before (red) and after (blue) ion irradiation at room temperature to a
fluence of 1.5×1013 ions/cm2. Dashed lines indicate edge energy and show a shift of -2.2
eV upon irradiation corresponding to partial reduction of cerium from the tetravalent to the
trivalent electronic state. (b) XAS uranium L-III edges for (red) before and (blue) after
irradiation at various temperatures, normalized to pre- and post-edge intensities. Changes
in peak height are attributed to varying sample thickness, affecting photon attenuation.
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resolution transmission electron microscopy (TEM) study on CeO2, the cation sublattice is
remains largely intact after irradiation; however, the oxygen sublattice displays much more
defects [27]. Thus, the damage observed in this study as increased unit-cell swelling and
microstrain is primarily attributed to oxygen defects and defect clusters. This is further
supported by a recent neutron total scattering study which evidenced the formation of small
peroxide-like defect clusters in swift heavy ion irradiated CeO2, which was a major
component of the radiation damage in this material [34]. Molecular dynamic simulations
corroborate these results by suggesting that the formation of cation defects is energetically
unfavorable [159, 160]. Therefore, the observed decrease in swelling and microstrain is
assumed to be annihilation of oxygen defects and defect clusters. The onset temperatures
of the major recovery stages are material and defect species dependent, arising from unique
characteristics of thermally activated point defect motion and defect cluster mobility. Each
stage typically correlates well with a specific fraction of the absolute melting temperature
of the material (Tm = 2400 C, 2850 C, and 3350 C for CeO2, UO2 and ThO2, respectively
[161, 162]). For example, in CeO2, oxygen interstitials become mobile at around 325 ℃
[136]. This agrees well with the sharp decrease in unit cell parameter observed in the range
of irradiation temperatures from 300 ℃ and 500 ℃.
In order to provide a more detailed explanation of the observed behavior in CeO2,
the ion-matter interaction was described as a transient thermal process, where ion-induced
excited electrons thermalize and deposit their energy to atoms through electron-phonon
coupling, as previously described. This causes localized heating within the path of the ion
and a rapid quench, often resulting in a cylindrical region of defects (or even amorphization
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in some materials) known as the ion track. The theory that aims to characterize this ioninduced effect is known as the thermal spike model [45, 103], describing the process with
two coupled differential equations [163]:

𝐶𝑒 (𝑇𝑒 )
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=
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where Eqn. (1) describes the electronic system and Eqn. (2) describes the atomic system
(i.e., subscripts e and a, respectively). Te,a are the temperatures, Ce,a are the heat capacities,
and Ke,a are the thermal conductivities of the respective systems and are all a function of
radial distance r and time t from the incident ion passage. A(r) is the energy deposited to
the electronic system as a function of radial distance to the incident ion path. The parameter
g describes the electron-phonon coupling strength and is the only free parameter. In the
case of insulators, this electron-phonon coupling is linked to the electron-phonon mean free
path  via the relation 2= 2/g [42, 164], which is experimentally determined by fitting
the observed ion track size of several insulating ceramics that can be amorphized or not [3]
assuming tracks result from the quench of a molten phase appearing along the ion path.
Track diameters decrease monotonously with the band gap energy of insulators. In CeO2,
the band gap energy is 6.0 eV, which yields an electron-phonon mean free path estimation
of  = 4.5 nm [43]. The inelastic thermal spike (i-TS) model uses a numerical method
approach [165] to solve the system of coupled differential equations (1) and (2) and has
been iteratively developed for ceramics [103, 166, 167]. A more detailed description and
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discussion of the current implementation of the calculation can be found elsewhere [42,
164].
After performing the i-TS calculation with the specific beam energy and electronic
energy loss for this study, resultant ion track sizes in CeO2 from the calculation show a
diameter of 8.8 ± 0.2 nm at room temperature, which agrees well with previous studies
with similar ions and energies [11, 37, 39]. As temperature increases, track size increases
linearly at a rate of 0.27 ± 0.02 nm/100 °C (Fig. 27a). In this case, ion tracks would overlap
at lower ion fluences for irradiation at higher temperatures (assuming a single-impact
damage trend based on previous studies [10, 13, 14, 123]), causing a decrease of fluence
needed to reach the saturation damage. Due to the decrease in unit cell swelling and
microstrain observed in CeO2 and ThO2 with increased irradiation temperatures, the defect
density within an individual ion track must decrease with the increasing track size.
Assuming the same energy deposition by the ions at each temperature a similar number of
excited electrons would be most likely produced, regardless of temperature. With increased
matrix energy at higher ambient temperatures, the extent of electronic excitation would
increase due to greater diffusion of the delta electrons, decreasing the energy per area
within the track. This would cause an ion track that is larger, although with less damage
per unit area with increasing irradiation temperature, thus reducing damage. Nevertheless,
considering the linear behavior of the track size as compared with the non-linear trend
observed in the swelling and local distortion data in CeO2 (and all materials), a more
complete description of the behavior involves the synergism of other processes such as the
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Figure 27. (a) Ion track diameters as a function of temperature derived from i-TS
calculations and TEM analysis of ion tracks produced from similar ion and energy
irradiations by Sonoda et al. [37, 38]. Error for i-TS data determined from the radial stepsize of the calculation. (b) Single-impact model curves calculated based on unit cell
swelling at each respective temperature (Δa/a0(ϕ)) for fluence (ϕ = 1.5 × 1013 ions/cm2)
and track diameters converted to track cross sections (σ). Circles indicate swelling data at
respective determined by XRD in this study.
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thermally-induced onset of defect mobility and subsequent recombination with the increase
in track size.
However, two of the few studies of swift heavy ion irradiation of CeO2 at high
temperature using similar ions and energy (210 MeV Xe) and temperatures as this work
observed a decrease in ion track size a function of increasing irradiation temperature by
means of TEM [37, 38] (Fig. 27a). Another recent high-resolution TEM study of swift
heavy ion tracks in CeO2 irradiated at room temperature reported observation of an oxygen
vacancy-rich track core with an oxygen interstitial-rich track periphery [27]. Together,
these results suggest that many oxygen interstitials at the periphery of ion track are mobile
at high temperatures and are annihilated, shrinking the effective track size and reducing the
amount of corresponding structural swelling. As structural swelling decreases continuously
with increasing irradiation temperature, it is expected that local distortions due to
accumulated defects will decrease as well, explaining the accompanying decrease in
microstrain. The discrepancy between the i-TS calculations presented in this study and the
aforementioned TEM results could be explained as follows: (i) TEM is showing an
incomplete picture of the true extent of ion tracks, only displaying certain defect types due
to the configuration of the instrument (i.e., bright field images), and the track sizes derived
from the i-TS calculations are an accurate portrait of the observed behavior or (ii) the TEM
results accurately display the shrinking of the effective track size as a function of increasing
irradiation temperature, while the i-TS calculation’s description of the physics is
incomplete.
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Alternatively, and most likely, both track sizes could be an accurate portrayal of
two individual, coupled phenomena. The first, represented by the i-TS calculations,
describes solely the area of initial energy deposition and possible melting which produces
defects after the quench from thermal spike to ambient temperatures. The second describes
the remaining defects after the subsequent defect recombination annihilation. At room
temperature, the i-TS and TEM track sizes are extremely similar, suggesting minimal
temperature induced defect mobility and annihilation. Previous studies have proposed that
the density of energy deposition is radially dependent, highest at the center of the ion path
and decreasing with distance [168].
This implies defect density would be subject to the same radial dependence as a
function of perpendicular distance from the incident ion path. At higher temperatures, an
increase in defect recombination could leave defect density at outer track radii negligible
or below the detection limit of TEM, leading to smaller measured track radii. The area of
this region would most likely increase with increasing temperature due to more thermally
activated defect mobility. Based on the i-TS model, the same ion energy is deposited over
a larger volume at higher temperatures, which leads to a decrease in defect density radially
from the incident ion path. The smaller number of defects per unit volume and associated
reduction in strain contrast directly impacts the track size observable by TEM, leading to a
decrease in effective track diameter as a function of increasing temperature.
While future studies utilizing complementary experimental techniques (e.g., TEM
with small angle X-ray/neutron scattering) to determine the track size as a function of
irradiation temperature are needed to elucidate this discrepancy, these results mainly
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suggest that the track size has little influence on the microstructural modifications. Rather,
the density and type of defects produced within the tracks that survive temperature-induced
annihilation drive material swelling, microstrain, and chemical changes. In order to
illustrate this, a single-impact behavior [10, 123] for swelling was assumed and is described
by Eqn. 3:
∆𝑎
∆𝑎
(𝜙) = ( ) (1 − 𝑒 −𝜎𝜙 )
𝑎0
𝑎0 𝑠𝑎𝑡
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∆𝑎

where 𝑎 (𝜙) represents the relative change in unit cell parameter as a function of fluence,
0

∆𝑎

represents the saturation value of the relative change in unit cell parameter, σ

(𝑎 )
0

𝑠𝑎𝑡

represents the ion track cross section. For data at select temperatures, both track sizes from
i-TS and Sonoda et al. [37, 38] were converted to cross sections and relative change in unit
cell parameter determined by XRD in this study were input into the equation at the fluence
value of 𝜙 = 1.5 × 1013 [ions/cm2]. Single impact behavior for damage accumulation
caused by swift heavy ions is well documented for CeO2 [11, 12]. Curves were generated
for both cases and are presented in Figure 27b, which shows that the discrepancy in track
size has little influence on the shape of the curve. More importantly, the saturation value
in the single-impact curve (ion-track overlap regime) is reached with the fluence used in
this study, as suggested by previous studies [11]. Instead, the material modifications
induced by the energy deposition is primarily influenced by the type and density of defects
produced which is largely dependent on the respective cation’s electronic structure and
redox response (e.g., reduction in CeO2).
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Partial oxidation state reduction of cations in CeO2 under swift heavy ion irradiation
at room temperature is well-documented [11, 12, 27, 30] and is highly dependent on
projectile ion type and energy [15]. At a certain ion fluence, CeO2 becomes severely
oxygen deficient and forms a second, hypo-stoichiometric phase [11, 12], a process that
dramatically increases with reducing grain size of the material. The expulsed oxygen may
not necessarily leave the sample but may instead produce complex peroxide defects as
shown by [34]. No phase separation was observed in this study, however, partial reduction
occurred for room temperature irradiation. To maintain charge neutrality, the configuration
of oxygen anions must change as does the oxidation state of cations. This produces oxygen
vacancies and potentially small vacancy clusters, primarily at the core of the ion track as
suggested by high-resolution transmission electron microscopy studies [27]. Such vacancy
clusters could contribute to additional volumetric swelling that is not fully accessible by
long-range diffraction techniques. As mentioned previously, small peroxide-like defects
have been observed by probing the local atomic structure in swift heavy ion irradiated CeO2
by neutron probes [34].”Reduction of CeO2 when heating in vacuum is well documented
[169], however, the hypostoichiometric material will typically reoxidize when exposed to
air [170] particularly the loosely pressed powder used in this study. The samples in this
study were exposed to and stored in air between irradiation and characterization. Our
results on swelling and microstrain suggest that irradiation at room temperature stabilizes
the CeO2-x material, yet as oxygen becomes more mobile at higher temperatures, these
anions become more likely to recover their initial configurations, prompting a reoxidation
process analogous to point defect recombination. The lack of change in the X-ray
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absorption spectra of ThO2 is expected given the monovalency of the Th ions. Thus, redox
effects play no role for ThO2 and previous post-irradiation thermal annealing studies
reported a single major defect recovery stage at ~ 325-675 ℃ [20] and ~ 275-425 ℃ [48]
in swift heavy ion irradiated ThO2. This was primarily attributed to the annihilation of
oxygen point defects and small oxygen defect clusters. Because ThO2 has the highest
melting temperature of the three materials studied here, and the onset of defect mobility
typically occurs at a specific fraction of the absolute melting temperature [158], it is
expected to only undergo one overall stage of defect mobility onset (most likely O2interstitials) for irradiation temperatures used in this study. This explains the behavior
observed regarding the change in unit cell parameter and microstrain as a function of
irradiation temperature. Simple point defect accumulation, without any contribution of
redox behavior, and increased point defect recombination at higher irradiation temperatures
are expected in ThO2.
Defect formation and recovery behaviors of CeO2 and ThO2 after irradiation at all
temperatures can be primarily attributed to point defect accumulation on the oxygen
sublattice, in agreement with prior study [11, 13, 14, 20, 34, 48]. However, at similar
fluences, UO2 exhibits different behavior as oxygen defects are known to strongly cluster,
altering defect accommodation mechanisms compared with CeO2 and ThO2 [171]. In most
past swift heavy ion irradiation studies, UO2 typically exhibits no unit cell expansion and
only swells at extremely high fluences [109]. This behavior is has been associated with a
multiple-impact model [109] requiring substantial ion track overlap for swelling to occur,
which contrasts to the single-impact trends observed in CeO2 and ThO2. Irradiation101

induced unit cell contraction of UO2 has been previously ascribed to limited oxidation of
uranium [12]. Because the samples used here were prepared and stored in air, moderate
hyperstoichiometry, particularly near sample surfaces, is likely. Upon irradiation in
vacuum at room and slightly elevated temperatures, UO2 becomes increasingly oxidized
homogenously throughout entire grains by driving excess oxygen from the surface into the
bulk of the sample by irradiation-enhanced diffusion mechanisms. This oxidation process
could explain the contraction in unit cell parameter observed for the room temperature
irradiation since an increase in excess oxygen content translates to a contraction in unit cell
parameter [146, 148-151]. At each temperature, the unit cell parameters of irradiated UO2
are indicative of slight oxidation (x < 0.05 in UO2+x). Evidence of irradiation-enhanced
inward oxygen diffusion has been previously observed in swift heavy ion irradiated UO2
[12, 155]. This inward diffusion could be enhanced at slightly elevated temperatures
evidenced in increased contraction at 200 °C. At higher temperatures, the vacuum
environment in which irradiation was performed likely hinders oxidation and overcompensates inward diffusion of excess oxygen leading to reduction towards
stoichiometry, which could explain the observed swelling of UO2 at irradiation
temperatures above 200 ℃.
Oxygen interstitials in polycrystalline UO2 are liberated at ~ 100 ℃ and become
fully mobile at ~ 300 ℃ [136, 172]. The largest source of local distortions come from
interstitials due to the large perturbation in the structure [173]. This explains the increase
in unit cell parameter back to the unirradiated value between 200 ℃ and 400 ℃ and the
decrease in heterogeneous microstrain between 25 ℃ and 200 ℃. Based on this behavior,
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the interstitial’s effect manifests itself locally as microstrain before long range periodicity
begins to change (i.e., unit cell parameter). However, it is also possible that swift heavy
ion irradiation caused annealing of defects that existed prior to irradiation, causing the unit
cell contraction observed following irradiation at room temperature. Similar behavior has
been previously observed in other ceramic materials [174]. In contrast to CeO2 and ThO2,
the microstrain in UO2 irradiated at and above 200 ℃ remains relatively constant (~0.3 %).
This implies that the mechanism causing the relative unit cell parameter in UO2 (slightly
negative for Tirr = 25 ℃ and 200 ℃) to increase, surpassing a0 = 0 at 600 ℃, prevents the
release of microstrain with increasing temperature as it was the case in CeO2 and ThO2. In
addition to increased annihilation of irradiation induced defects, the reduction of UO2 at
temperatures around 200 ℃ may initially decrease microstrain only by the elimination of
oxygen interstitials. With increasing temperature, oxygen vacancies are also produced,
which cause an increase of microstrain; thus, the combination of both processes creates an
equilibrium of microstrain. Therefore, at higher temperatures, it is likely that the observed
effects in UO2 are primarily influenced by redox effects with little impact of irradiation.
For UO2, the absence of an absorption edge shift or change in post-edge features at
any temperature for both irradiated and unirradiated samples (Fig. 27b) is inconsistent with
prior speculation that redox effects might be enhanced at higher temperatures. Based on
the unit cell data, it was expected that samples irradiated at room temperature would be
slightly oxidized. Tracy et al. [11] reported a significant change in the shape of the uranium
L-III post-edge feature of UO3 (containing U6+) following irradiation with swift heavy ions,
which accompanied irradiation-induced reduction to UO2+x (primarily U4+). Irradiation103

induced oxidation of UO2, as previously observed [12, 155], would also yield changes to
the post-edge shape. However, no substantial change in the XAS spectra, corresponding to
either reduction or oxidation, are observed in the present study, as shown in Figure 26b. It
may be that UO2 is subject to redox effects which are occurring related to the changes
observed in the unit cell parameter, but the chemical changes were below the detection
limit of the XAS measurements performed in this study. Alternatively, due to the relatively
small magnitude of unit cell parameter change observed (~ -0.05 to 0.05%), it is possible
that the observed changes are merely lost in the statistical background, and the XAS results
are an accurate portrayal of a lack of radiation response in UO2 under the irradiation
conditions utilized in this study.
These results, combining a number of different analytical techniques, provide a
unique insight into electronic energy loss for ions approximately midway through their
range when electronic stopping has dropped from 18-22 keV/nm just after fission to 8-15
keV/nm at temperatures relevant to fractional fuel pellet radii greater than approximately
0.5r0 depending on reactor operation parameters. In addition, due to the qualitative
similarity of the annealing behavior of swift heavy ion irradiated fluorite-structured
materials displayed in previous studies [20, 48], as compared to the reduction of damage
during high temperature irradiation behavior in this study, these results suggest that the ex
situ and in situ defect recovery mechanisms are similar.

4.6 Conclusions
Irradiation of CeO2, ThO2, and UO2 with 198 MeV
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Xe ions results in the

accumulation of point defects and defect clusters, causing changes in their unit cell
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parameters and inducing local distortion (heterogeneous microstrain). These effects are
minor relative to that commonly induced in ceramics by lower energy irradiations, for
which nuclear stopping dominates, and are efficiently annealed at elevated temperatures.
Irradiation at 25 °C induces unit cell swelling in CeO2 and ThO2 yet contraction in UO2.
At elevated temperatures, the swelling is reduced for CeO2 and ThO2, and the behavior is
much more complex in UO2. Only room temperature irradiation of CeO2 yields a
measurable change in cation oxidation state (partial reduction) indicating that for these
irradiation conditions, temperature does not enhance irradiation-induced redox response.
The damage behavior observed as a function of increasing irradiation temperature is
primarily attributed to the enhancement of point defect mobility, which occurs at an onset
temperature that is typically proportional to the melting temperature of the material. This
study of the high temperature response of nuclear fuel materials to swift heavy ion
irradiation provides insight into the source of the exceptional radiation tolerance exhibited
by many fluorite-structured nuclear materials.
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CHAPTER 5: THE LOCAL DEFECT STRUCTURE OF
UO2.15
A version of this chapter is presented in an unpublished manuscript authored by
William F. Cureton, Eric C. O’Quinn, Gianguido Baldinozzi, Jacob W. McMurray, James
M. Kurley, Michelle Everett, Joerg Neuefeind, Matthew G. Tucker, Andrew T. Nelson,
and Maik Lang. For this work, W.F.C., A.T.N., and M.K.L. conceived and designed the
study. J.W.M and J.M.K. provided samples for the study. W.F.C., E.C.O., M.E., and J.N.
performed the neutron scattering experiments and analyzed the data. W.F.C., E.C.O., and
G.B. interpreted the data. W.F.C. drafted the manuscript with input from and critical review
by all authors.
A major challenge in describing the behavior of nuclear fuel under extreme
conditions is understanding the evolving chemical composition during reactor operation
(e.g., fission product build up plus oxidation). It is not fully clear what defect structures are
induced by changes from ideal stoichiometry. This is the focus of Chapter 5 and will be
addressed by answering the following research question: What defect structure forms if
oxide nuclear fuel materials deviate from ideal stoichiometry, particularly what oxygen
defect clusters form in UO2+x?
Palomares et al. [60], recently investigated the defect structure of UO2+x in the
dilute O:M regime (UO2.07) using a combined experimental and modelling approach
(neutron total scattering + Reverse Monte Carlo modeling + Molecular Dynamics
modeling). Expanding on this work with a similar approach, a new sample will be
synthesized with stoichiometry UO2.15 (double the excess oxygen) and characterized in the
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single-phase region at high temperature. Palomares et al. showed that in the dilute O:M
regime simple oxygen defect form (mostly split di-interstitials and dumbbell-type defects),
but changes in the phase diagram (slope change in the single-phase fluorite region) at
higher O:M ratios indicate more complex defect behavior at stoichiometries around UO2.15.

5.1 Abstract
Hyperstoichiometric UO2.15 was characterized by means of neutron total scattering
at high temperature in the single-phase UO2+x region of the U:O phase diagram. The
diffraction data confirmed a single-phase fluorite structure at high temperature. Analysis
of the short-range data displayed that the same structural model does not fit the data well.
Instead, models containing specific oxygen defect clusters represent the local, static
structure best. However, employing Reverse Monte Carlo (RMC) data analysis techniques,
which considers both long- and short-range data simultaneously, suggested a system
containing a mixture of oxygen defect morphologies best described the data. Two of the
most common defects observed in this system is the split di-interstitial cluster and long
extended chains of di-interstitials. Our findings provide the first experimental evidence of
such a heterogeneous defect system and could improve current models which aim to predict
the thermophysical properties of UO2+x materials.

5.2 Introduction
As the most common nuclear fuel, uranium oxide (UO2) is subject to harsh
environments during operation in fission reactors. Chemical evolution of the fuel occurs
due to the extreme temperatures and fission process inherently. As uranium atoms
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decompose into fission products, a net increase in the overall O:M ratio occurs. While this
increase is subtle under normal operation, it is enhanced at high burnup levels or under
transients and accident scenarios [54, 175, 176]. This hyperstoichiometry affects important
fuel transport properties such as fission gas release and thermal conductivity [55, 177, 178].
Understanding the behavior of the excess oxygen in the structure of UO2+x is important to
predict the behavior of the fuel under off normal conditions. Fuel performance simulations
rely on input from atomic-scale models which are currently in disagreement over the exact
oxygen defect cluster morphology [179] in hyperstoichiometric conditions.
At high temperature (> 400 ºC) and specific compositions (2.00 < x < 2.20, UOx)
excess oxygen occupy interstitial positions within the (Fm-3m) fluorite structure [180].
Numerous computational [59, 181-192] and experimental [56-58, 60, 193-197] studies
have been performed to describe the interstitial cluster morphology. Most suggest that the
interstitials do not randomly occupy 4b octahedral sites (Fig. 28a) in the fluorite structure,
but rather form clusters which involve neighboring lattice oxygen atoms. Many modern ab
initio density functional theory (DFT) studies propose a specific split di-interstitial cluster
(Fig. 28b) due to combating attractive and repulsive forces attributed to hybridization of
2p orbitals of oxygen interstitials with 5f orbitals of nearby uranium cations and coulombic
repulsion of excess negative charge [59, 181, 183, 187, 191]. These clusters consist of two
interstitial oxygen oriented in <110> directions which displace lattice oxygen along <111>type directions. Previous experiments have suggested more extended defects, such as the
2:2:2 cluster proposed by Willis et al. [56-58, 193]. The 2:2:2 Willis cluster (Fig. 28c) also
consists of two interstitial oxygen which are suggested to displace two lattice oxygen in
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Figure 28. Select oxygen defect clusters (red spheres) within fluorite oxygen “cages”
(brown spheres) proposed in previous work for UO2+x materials. (a) Octahedral interstitial
pairs oriented in <110>-type directions are proposed by ab initio studies to aggregate into
(b) so-called split di-interstitial clusters which involve displacing nominally 8c fluorite
oxygen sites along <111> directions. However, experimental studies by Willis et al. have
proposed a larger (c) 2:2:2-type cluster, where this <110> di-interstitial displaces two 8c
oxygen sites in <111> directions. At higher oxygen content, studies using DFT propose
that these clusters can further link together to form more extended defects such as (d) split
quad-interstitials (atom sites disordered due to relaxation with MD from [186]).
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<111> directions instead of one in the split di-interstitial model. However, when these
clusters are modelled in DFT, one of the displaced lattice oxygen and the vacancy left
behind annihilate, leaving split di-interstitials. However, due to computational
considerations, the size of atomic supercells of atoms in DFT simulations is limited. Yang
et al. [191] showed that the oxygen defect cluster morphology suggested by this modeling
technique is dependent on the supercell size. Thus, these descriptions of defect clusters
from DFT may be incomplete.
In addition to describing the defect morphology, an important remaining question
is if and how the oxygen clusters may change as a function of increasing O:M.
Computationally, some studies have suggested that for higher O:M ratios, split diinterstitials may link together to form larger split quad-interstitials (Fig. 28d) [184, 186].
Experimentally, Palomares et al. [60] showed with neutron total scattering experiments
and Reverse Monte Carlo (RMC) analysis that UO2.07 displays split di-interstitial and
simple dimer like clusters oriented in specific <111> directions. This is in opposition with
previous neutron diffraction results by Willis et al. [56-58, 193] on materials with higher
O:M (UO2.11-UO2.13) for which the 2:2:2 clusters were proposed. This discrepancy could
be explained through: (a) evolving behavior as a function of increasing oxygen content, or
(b) higher resolution and local-structural sensitivity of the more modern total scattering
measurements. Another neutron total scattering study by Ma et al. [197] on UO2.16
suggested that cuboctahedra (Fig. 29a), a precursor of the U4O9 structure [195], describes
the defect structure marginally better than the Willis 2:2:2 clusters. However, atoms in
these cuboctahedra clusters were allowed to relax from their ideal geometric positions in
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Figure 29. (a) Cuboctahedra oxygen cluster model (red spheres) inherent to the U4O9
structure and (b) a modified cuboctahedra model suggested by a recent MD study which
showed that in UO2+x materials, one face of the cuboctahedra (blue spheres) is rotated
relative to the ideal model (atom sites disordered due to relaxation with MD from [190]).
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specific directions. A following study by Soulié et al. [190] using larger scale atomic
modelling techniques (molecular dynamics many-body variable-charge empirical
potential) describes this behavior with more detail and suggests that atoms at the corners
of one square face of the cuboctahedra rotates ~20° (Fig. 29b). These works also suggest
that such modified cuboctahedra clusters exist across the UO2+x phase space in different
quantities related to the stoichiometry. At a critical concentration these clusters are
proposed to order over long length scales and form the U4O9 structure.
To assess these findings with a higher degree of certainty, we employ highresolution neutron total scattering at high temperature and RMC data modelling on singlephase UO2.15 produced by thermogravimetric analysis techniques. Here, we systematically
compare prevalent models for the defect cluster morphology to our experimentally
acquired data and propose a new description of the oxygen defect clusters in UO2+x
materials in the higher O:M regime of the phase diagram.

5.3 Methods

5.3.1 Materials

UO2+x materials were synthesized by thermogravimetric analysis (TGA) techniques
using UO3 microspheres produced via internal gelation synthesis techniques. More details
on the synthesis of the feedstock material can be found elsewhere [198]. 3556.0 mg of UO3
microspheres were loaded into a Al2O3 holder and placed within a Netzsch STA 449F1
thermal analyzer which allowed thermal and atmospheric control while monitoring weight
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Figure 30. TGA results for production of a sample with composition UO2.147. (a) Change
in mass as a function of time for UO3 sample with initial mass 3556.0 mg while flowing
4% H2 balance-Ar at 1500 ºC. At steady state, the sample had lost 682.5789 mg which
resulted in a stoichiometry of UO2. (b) Change in mass of UO2 sample while flowing 1%
O2 balance-Ar at 1500 ºC. Mass gain of 24.3409 mg due to O uptake and subsequent loss
of 8.9334 mg due to UO3 volatilization with a final stoichiometry of UO2.147.
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change with high resolution. Production of UO2+x material was performed in two stages
(Fig. 30). In the first stage, the sample was heated to 1500 ºC under a 4% H2 balance Ar
environment in order to reduce UO3 to pure UO2. The sample lost 682.5789 mg of mass
during the reduction process (Fig. 30a). During stage 2, a temperature of 1500 ºC was
maintained and the atmosphere adjusted to produce and oxygen partial pressure of
log 𝑝𝑂2 = − 3.63(8) atm. Under these conditions, the sample gained 24.3409 mg due to
oxygen uptake, then subsequently lost 8.9334 mg (Fig. 30b). Mass loss under these
conditions has been previously attributed to volatilization of UO3 [199]. With this in
consideration, x in UO2+x was calculated to be 0.147(1).
5.3.2 Characterization

Neutron total scattering (NTS) experiments were performed at the Spallation
Neutron Source at Oak Ridge National Laboratory. The Nanoscale Ordered MAterials
Diffractometer [90] beamline was used to produce high reciprocal space resolution data
(momentum transfer, Q > 50 Å-1) which allows for high resolution real space data necessary
for probing short range atomic scale oxygen defects in UO2+x materials. Approximately 1.5
grams of the UO2.15 sample was loaded into a quartz capillary which was encapsulated in
a vanadium holder and placed into an Institut Laue-Langevin-type vacuum furnace. NTS
measurements were acquired for ~1.5 hours at 1000 ºC in order to probe defects in the
single-phase region of the phase diagram [180]. The background contribution was removed
by subtracting the measurement of an empty quartz capillary within a vanadium container
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for the same amount of time as the sample measurement. The resulting scattering intensity
was divided by that of a measurement from a solid vanadium rod for neutron spectrum
normalization. Peak positions were calibrated by measuring a diamond standard. With the
sample composition known, the produced structure function S(Q) was scaled absolutely,
and a Fourier transform applied via the relation:
𝑔(𝑟) = 1 +

𝑄𝑚𝑎𝑥
1
∫
𝑄[𝑆(𝑄 − 1] sin(𝑄𝑟) 𝑑𝑄
2𝜋 2 𝜌0 𝑟 𝑄𝑚𝑖𝑛

(1)

where g(r) is the pair distribution function (PDF), a dimensionless parameter giving the
relative probability of finding two atoms separated by a one-dimensional radial distance, r
[200]. The Q-range was 0.2 – 31.4 Å-1, 𝜌0 was the sample density, and Q, the scattering or
momentum transfer vector, is defined as:
Q=

4πsin θ
λ

(2)

Where 𝜃 is the is the scattering angle and 𝜆 is the neutron wavelength in Å. The PDF is
additively composed of partial PDFs such that
𝑔(𝑟) = ∑ ∑ 𝑔𝑖𝑗 ′(𝑟)
𝑖

(3)

𝑗

Where i and j are atomic constituents. The three partial PDFs in UO2+x are gUU(r), gUO(r),
gOO(r).
The long-range diffraction data was analyzed via Rietveld refinement [87] on data
collected from detector bank 4 with a momentum transfer range of 4 to 14 Å-1. The GSAS
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II software [86] was used for this process where the data were modelled with an Fm-3m
fluorite-type structure for which U atoms were placed on the 4a Wyckoff sites and oxygen
on 8c and 4b sites. The occupancy of the 4b site was adjusted to 0.15 to adjust for
stoichiometry. The scale, unit cell parameter, atomic displacement parameters (Uiso), and
microstrain were refined for this phase. The background was fit using a 12-term Chebyshev
polynomial.
The PDFgui software [201], as small box modeling technique, was used to describe
the local structure data on UO2.15 at 1000 ºC. For this approach, the “reduced pair
distribution function,” (G(r)= 4𝜋𝜌0 𝑟[𝑔(𝑟) − 1]) representation was modeled. This
function is important to the small-box approach as fluctuations in the difference curve
between the experimental G(r) and model G(r) have the same significance in all regions of
real-space [200]. Several models containing specific oxygen defect cluster morphologies
were chosen from the literature and fit to the data for two r ranges: 1 to 5 Å and 1 to 10 Å.
For these models, the scale, unit cell parameter, Uiso, and quadratic atomic correlation
factor were refined. To maintain the structural integrity of the clusters, no atomic positions
were allowed to refine, except in the case of the 2:2:2 Willis cluster.
Large box modelling was performed utilizing the Reverse Monte Carlo analysis
technique [91] (Fig. 31). Data preparation and RMC modelling were performed in a similar
manner to that of Palomares et al. on UO2.07 materials [60]. However, instead of one, three
initial starting configuration supercells were produced, and the entropy maximized in each
through the RMC modeling process. Two configurations contained specific oxygen defect
morphologies suggested by previous work and the third constructed through the
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Figure 31. The process of creating experiment-driven atomic models with RMC
techniques, which can then be used to validate molecular dynamic potentials, provides the
ability to supply experimentally determined input into modelling efforts which all build
upon the atomic scale.
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combination of a 10x10x10 supercell of ideal fluorite structured atoms and a random
configuration of the same size containing excess oxygen. In each case, the stoichiometry
of the supercells matched the sample stoichiometry of UO2.15 and contained between
10,000 and 12,000 atoms depending on the model. Four constraints were placed on the
RMC simulation: detector bank 3 diffraction data, g(r) data ranging from 0 to 5 Å, g(r)
data ranging from 0 to 10 Å, and bond valence constraints (rUO = 2.112 Å, bUO = 0.37) to
maintain chemical sensibility and local charge neutrality. Real-space features in g(r) for r
< 1.8 Å were deemed unphysical and excluded from the refinement. Atoms were allowed
relax a maximum of 0.05 Å from their original site per translation with the move being
accepted if the overall quality of fit is improved. Other atomic moves were accepted with
some probability during the refinement continuing until no further improvement in overall
fit quality could be obtained. Resultant fits were judged based on a residuals function, R,
calculated as follows:

2
∑𝑁
𝑖=1[𝑜𝑏𝑠(𝑖)−𝑐𝑎𝑙𝑐(𝑖)]

𝑅 =√

2
∑𝑁
𝑖=1[𝑜𝑏𝑠(𝑖)]

(4)

where obs(i) is the experimentally observed data point, and calc(i) is the calculated data
point. R values less than 0.20 or 20% are considered generally acceptable for most
crystalline materials [202, 203]. To improve the statistics of RMC results, 20 identical
RMC simulations were performed and averaged. Each result presented (e.g., fitted curves
or R values) in this work reflects the average behavior.
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5.4 Results and Discussion

Neutron diffraction data for UO2.15 at 25 ºC (not shown) displays mixed fluorite
and 𝛼-U4O9 while data at 1000 ºC confirmed a single-phase behavior best described by the
Fm-3m fluorite structure (Fig. 32) in agreement with the previously established phase
diagram for similar material compositions [180]. The extracted unit cell parameter from
Rietveld refinement of the fluorite phase at 25 ºC was 5.4475(3) Å which agrees well with
previous work on UO2+x materials [127, 146, 148-151]. With a unit cell parameter of
5.5219(3) Å at 1000 ºC, the calculated linear expansion coefficient is 1.36 % which lies at
the upper bounds of uncertainty for UO2 materials proposed previously [204, 205]. This
boundary behavior was also observed for UO2 and UO2.07 measured with neutron total
scattering by Palomares et al. [60, 206], suggesting that current models should be revisited.
Isotropic atomic displacement parameters for 4a uranium sites agrees well with previous
results; however, Uiso for 8c oxygen sites is larger than previously reported for
compositions ranging from (UO2-UO2.07) [206-208]. This is attributed to increased
interactions between 8c oxygen and oxygen interstitials which exist in higher
concentrations than in the aforementioned studies. Oxygen interstitials placed in
octahedrally coordinated 4b sites display even larger Uiso values implying high
heterogeneity of excess oxygen in the structure.
Small box modelling was employed to assess the local structure of UO2.15 which
contains information on short-range defect clusters. Fluorite-structured models were
modified to include specific oxygen defect cluster morphologies. In the case of the split di119

Figure 32. Rietveld refinement results from fitting an Fm-3m UO2+x phase with excess
oxygen on 4b Wyckoff sites to data from TOF neutron detector bank 4 for UO2.15 at 1000
ºC.
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and quad-interstitials [186] in addition to the ideal and modified cuboctahedra clusters
[190], the direct output of MD were input into the PDFgui software. In certain cases, these
systems consisted of stoichiometries with higher O:M than the UO2.15 sample used for this
study. For these models, select clusters were removed and replaced with fluorite structured
atomic arrangements until the system more closely contained a stoichiometry of UO2.15.
The octahedral defect cluster refers to a fluorite structured system with oxygen placed at
4b Wyckoff sites with an occupancy of 0.15 to account for the stoichiometry of the material
measured, similar to the model used for Rietveld refinement. The Willis 2:2:2 cluster was
built from a P1 symmetry cell with the dimensions of a 2x2x2 fluorite cell and contained
primarily fluorite structured atoms with the exception of 2:2:2 Willis clusters in different
orientations. As mentioned previously, in each refinement, atomic positions were kept
fixed to maintain the integrity of the specific cluster types. One exception was the Willis
2:2:2 model for which the <110> and <111> oriented pairs of atoms in the clusters were
allowed to symmetrically expand or contract relative to one another along their respective
orientation directions. Unit cell parameters were allowed to refine in an isotropic manner
which allowed to maintain relative proportions of the original models while capturing the
specific interatomic distances of the UO2.15 system.
The results of refining each model to the PDF data with a fit range of 1 to 5 Å and
1 to 10 Å is presented in Figure 33a. For each fit range, the modified cuboctahedra model
[190] describes the data best (Figs. 33b and 33c). However, extending the fit range
enhances the quality of fit for the split di- and quad-interstitials and 2:2:2 Willis clusters,
yet negatively impacts Rw for the ideal and modified cuboctahedra and octahedral models.
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Figure 33. Small-box modelling results on the local structure PDF data for UO2.15 at 1000
ºC. Specific atomic models were determined through MD modelling. (a) The goodness of
fit, Rw, is highly dependent on the oxygen defect cluster morphology and the fit range from
1 to 5 Å (red squares) or 1 to 10 Å (blue triangles). However, in both cases the (b and c)
fits to the PDF for the modified cuboctahedra model results in the lowest Rw.
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This behavior is better described by comparing the difference between the observed and
calculated data for each model and fit range (Fig. 34).
In arguably the most important range when describing defect clusters, which are all
smaller than a single fluorite unit cell (5.52 Å), all models besides the modified
cuboctahedra model fail to capture the pair correlations of the PDF at low-r completely
(Fig. 34a). This implies that the modified cuboctahedra consist of atom-atom distances not
only within the clusters themselves, but between fluorite sites, that recreate the
experimental data where other clusters do not. However, at distances > 4 Å other models
such as the Willis 2:2:2, split di-interstitial and split quad interstitials begin to fit better,
with the split quad-interstitial describing the behavior past 4 Å best (Figs. 34a and 34b).
This agrees with energy minimization results in DFT comparing each of these clusters
(with the exception of the modified cuboctahedra) by Andersson et al. [186]. Still, the
modified cuboctahedra fit best for all fit ranges overall. Since the longest inter-cluster
atom-atom distance is ~5 Å, the behavior of the difference curve greater than 4 Å for this
model may imply that precursors of the modified cuboctahedra form in the structure, but
the interstitials never aggregate to form these clusters in entirety. The next best fitting
model over all is the 2:2:2 Willis cluster for which the difference curves closely align with
those of the similarly structured split di-interstitial model (Figs. 34a and 34b). This implies
that displacing a second neighboring 8c oxygen in the 2:2:2 Willis model improves the fit
slightly over both tested length scales.
Large box RMC modelling was employed to remedy the shortcomings of separate
Rietveld refinement and small box modelling. With larger supercell sizes, both the long123

Figure 34. The difference curves between the experimental PDF of UO2.15 at 1000 ºC and
those calculated from models containing specific oxygen defect cluster morphologies for
fit ranges of (a) 1 to 5 Å and (b) 1.5 to 10 Å. From 1.5 to 4 Å the data is best described by
the modified cuboctahedra (black) resulting in the smallest difference curve. None of the
other models capture the low-r region behavior. However, from 4 to 10 Å, the Willis 2:2:2
(orange), split di-interstitial (red) and split quad interstitial (green) models describe the pair
correlations better.
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range diffraction data and short- and intermediate-range PDF data can be considered
simultaneously [91]. To start, two a priori models containing oxygen defect clusters which
represented the local structure data best: the modified cuboctahedra and 2:2:2 Willis cluster
models were analyzed with RMC.
Each model represents the experimental data somewhat well with the 2:2:2 Willis
cluster displaying the lowest Rw values for all data sets (Figs. 35a and 35b). Decomposing
the calculated PDF from the RMC model into PDFs for each atom pair yields the partial
PDFs or gij(r) (Eqn. 3) (Figs. 35c and 35d). By supplying RMC with models for which the
defect clusters are known allows for the atoms in the clusters to be treated separately,
having the same scattering length as oxygen and thus their contribution to the data the
same. Atoms denoted with “I” represent these interstitial atoms comprising the defect
clusters in the models. In this way, the partial PDFs of correlations involving the cluster
atoms can be analyzed (Figs. 35c and 35d). Analysis of the relaxed supercells containing
both the modified cuboctahedra and 2:2:2 Willis clusters shows that the clusters remain
intact after the entropy of the system is maximized through the RMC modeling process.
This can be confirmed graphically as the <I-I> correlations (black curve) attributed to the
distances between atoms within the clusters remain highly ordered (Figs. 35a and 35b). As
expected, clusters induce shorter distances between cluster atoms and both cations and
anions (dashed blue and red curves, respectively; Figs. 35a and 35b). The cation-cation
correlation is more affected by the 2:2:2 Willis cluster model displaying shoulders on either
side of the peak at ~3.9 Å, implying that this cluster induces more cation disorder compared
with the modified cuboctahedra model. Interestingly, after the 1st nearest neighbor peaks
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Figure 35. RMC fit results of local and long range (inset) data from supercells containing
only (a) modified cuboctahedra and (b) 2:2:2 Willis clusters, showing that the latter
represents the data better. Partial PDFs for atomic correlations in the models containing (c)
modified cuboctahedra and (d) 2:2:2 Willis clusters. The label “I” denotes interstitials
atoms within the respective clusters and their correlations with other atoms. In each case,
the black curve shows the PDF of the clusters alone.
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~1.8 to 3.2 Å the difference curves for the PDF fits are relatively flat for both models
compared with the difference curves from small-box modeling. This is most likely due to
the relaxation of fluorite sites rather than the atoms in the clusters since they maintain their
integrity and regularity after RMC modeling.
While the Rw values corresponding to each model’s fit to the long-range structure
are acceptable, the displayed behavior is not ideal. It should be noted that the symmetrically
anisotropic defects in both initial models are not truly randomly placed in terms of both
intracluster orientation and spacing. Since these nonrandom cluster containing models are
expanded into larger 3-dimensional repetitions of the original model in the supercell used
for RMC, the clusters induce Bragg peaks which remain even after entropy is maximized.
This undoubtably increases the Rw value for each model. However, the Bragg peaks for the
modified cuboctahedra, though too sharp, align well with broad diffuse scattering peaks
suggesting that the clusters need to be disordered relative to one another. While this would
lead to a more physical representation of the actual atomic system, there is no way to
randomize orientation and spacing between clusters with current versions of RMC.
Emphasis should be placed on implementing the ability to maintain the integrity of clusters
while allowing their three-dimensional orientation and spacing to be modified in future
versions of RMC.
While both models produce reasonable fits to the data, they most notably miss the
behavior of the first two correlations from ~1.8 to 3.2 Å in different ways. The modified
cuboctahedra containing model shows a larger difference under the cation oxygen
correlation, while the Willis clusters do not fully describe the data under the oxygen127

oxygen correlation. Thus, an unbiased initial configuration was produced in an effort to
recreate the experimental data with the highest fidelity. As mentioned, the unbiased model
was built by combining a 10x10x10 fluorite structured supercell with a similarly sized
random configuration of excess oxygen producing a chemical composition of UO2.15. This
configuration yielded even lower Rw values across all data sets (Fig. 36a). Unlike the two
a priori models, all oxygen atoms were treated the same. This allows for lattice oxygen to
participate more readily in the formation of defect clusters and alternatively for the excess
oxygen to move to vacant 8c fluorite sites. The drawback of this approach is that oxygen
defects are indistinguishable from the fluorite structure atoms in the partial PDF data (Fig.
36b).
Besides a considerably better fit to the diffraction data, the unbiased model better
captures the 1st nearest neighbors’ peaks in the PDF (Fig. 37), which implies that the cationoxygen and oxygen-oxygen correlations are better described. In order to analyze this
behavior and unveil the defect structure of oxygen within the unbiased model, the oxygen
sublattice was parsed. Each oxygen site was compared with the nearest ideal fluorite
position for which if the deviation was larger than a specified distance, it was counted as
an interstitial atom. The distance used was calculated based on the one-dimension isotropic
temperature factor given by:

𝐵1𝐷,𝑖𝑠𝑜 = √𝑈𝑖𝑠𝑜 ∗ 8𝜋

(5)
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Figure 36. RMC fit results from a supercell consisting of an initially random configuration
of oxygen interstitial atoms. (a) Fits to the local and long range (inset) data are better than
that of both a priori defect cluster containing models. (b) The partial PDFs from interstitial
cluster atoms in this model are contained within the total O-O correlation.
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Figure 37. RMC fit results of the first two correlations (U-O and O-O) from the different
models. The unbiased model fits best, while the modified cuboctahedra model misses the
low-r behavior (~2.0-2.4 Å), and the Willis cluster model does not describe the behavior
from ~ 2.5-3.2 Å.
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Where B1D, iso is the one-dimension isotropic temperature factor in units of Å and Uiso is
the atomic displacement parameter. Since the Uiso value of 0.0429 determined by Rietveld
refinement was larger than expected compared with values in the literature, a smaller value
for Uiso of 0.02 was used which aligns with reported values for UO2 and UO2+x materials
at 1000 ºC [206-208]. This was done to not overestimate displacement from fluorite
positions due to temperature and thus underestimate the amount of oxygen defects and
yielded a B1D, iso of 0.71 Å. The results from parsing the supercell can be seen in Figure 38.
Unlike the models containing specific clusters, the <I-I> correlation displays broad diffuse
behavior implying heterogeneity among interstitial oxygen (Fig. 38a). Interestingly,
nearest neighbor distances between interstitial oxygen and uranium atoms are split into a
more intense peak centered at shorter distances (2.2 Å). and a less intense peak at longer
distances (2.8 Å) (Fig. 38a, blue dashed curve).
Bond vector analysis was employed to probe preferred orientations at specific bond
lengths and confirmed that using a B1D, iso of 0.71 Å removes the contribution of <100>
oriented 8c oxygen atoms. Preferred orientations of interatomic distances between
interstitials atoms from 1.8 to 3.2 Å along <110> and <111> directions could imply the
split di- or quad-interstitials or the 2:2:2 Willis cluster (Fig. 38b). However, quantification
of the number of neighboring interstitial oxygen atoms around each interstitial oxygen
suggests the most frequently occurring defects are di-interstitials followed by clusters
consisting of 3 atoms (e.g., the split di-interstitial). For identification of specific defect
morphologies, three-dimensional representations of supercells modeled with RMC were
analyzed. Each supercell analyzed displayed a mixture of multiple oxygen defect cluster
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Figure 38. Results from distinguishing 8c fluorite-type oxygen from interstitial oxygen.
(a) The partials show that interstitials, “I”, relax toward both uranium and oxygen in the
fluorite structure. (b) Bond vector analysis of the interstitials (the I-I correlation from 1.8
to 3.2 Å) shows preferential orientation of the clusters in <110> and <111>-type directions.
(c) Quantification of the number of atoms within the clusters displaying primarily clusters
consisting of 2 or 3 oxygen atoms.
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morphologies. Clusters suggested by literature were observed such as split di-interstitials
(Fig. 39a) as well as 2:2:2 Willis clusters (Fig. 39b). Less frequently occurring were larger
defects; however, non-ideal pseudo cuboctahedra clusters were observed (Fig. 39d). These
clusters resemble cuboctahedra but are often missing atoms or are distorted. This agrees
with small box modeling which suggested that fully formed cuboctahedra are not as
favorable for atom-atom distances larger than 4 Å. By far the most frequently occurring
defects are long chains of di-interstitials (Fig. 39d). Pairs of atoms in these chains are
primarily oriented in either <110> or <111> directions. The interatomic distances and
orientations of atoms in these chains satisfy those which compose split di-interstitial and
2:2:2 Willis clusters. What remains unclear is whether long chains of di-interstitials have
the same effect on the fit as multiple split di-interstitials or 2:2:2 Willis clusters.
Regardless, characterizing and quantifying the exact number of each type of defect proves
difficult and should be the subject of future research.
Considering the di-interstitials and small fraction of split di-interstitials suggested
by Palomares et al. [60] for UO2.07, these results for UO2.15 where larger more extended
defects are observed suggest that the defect clustering behavior evolves with increasing
oxygen content. However, this should be the subject of future work which aim to study
the morphology of defects in UO2+x as a function of O:U.
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Figure 39. Select oxygen defect clusters (red spheres) from the initially unbiased RMC
model with fluorite oxygen (brown spheres) for context. Both the (a) split di-interstitial
and (b) 2:2:2 Willis clusters are observed. (c) pseudo cuboctahedra consisting of clusters
are also present. (d) Far more prevalent in the model than any other defect type are long
chains of di-interstitial dimer-like defects.
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5.5 Conclusions
Neutron total scattering measurements of UO2.15 at 1000 ºC suggest a highly
complex network of oxygen defect clusters. Analysis of long-range data suggests more
disorder on the fluorite structured oxygen sublattice than materials with lower O:M ratios.
This lends to the theory that the oxygen sublattice and oxygen defects evolve as a function
of increasing oxygen content, where materials containing less oxygen consist of less
complex, shorter-range defects and vice versa. While short range modelling of the PDF
data alone suggests that the modified cuboctahedra defect cluster model [190] describes
the data best, RMC modelling of both the long- and short-range data suggests a mixture of
different defect clusters describes the behavior better. This heterogeneous model contains
primarily split di-interstitials and long chains of di-interstitials oriented in <110> and
<111> directions. 2:2:2 Willis clusters as well as precursors of cuboctahedra clusters were
also observed. Future work should focus on reliably quantifying the amounts of different
defect types within the model and continued emphasis placed on mapping the defect
clustering behavior of across the phase diagram as a function of oxygen content.
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CHAPTER 6: RESPONSE OF MO-UO2 CERMETS
PRODUCED VIA SPS UNDER HIGH TEMPERATURE H2
EXPOSURE
Portions of this chapter were previously published in the Journal of Nuclear
Materials by William F. Cureton, James Zillinger, Jhonathan Rosales, Ryan P. Wilkerson,
Maik Lang, and Marvin Barnes. For this work, W.F.C, J.Z. and M.B. conceived the
experiments; W.F.C., J.Z., R.P.W. and J.R. prepared the samples and performed analysis;
W.F.C. drafted the manuscript along with input from all co-authors.

Proposed NTP applications involve even harsher conditions than typical terrestrial
fission reactors. Extreme redox-driving conditions are induced during operation of NTP
devices (H2 exposure at high temperature) and are often influenced by material parameters
such as synthesis route. This chapter aims to investigate how environmental conditions
(e.g., temperature, atmosphere) influence the redox behavior and performance of nuclear
fuel materials fabricated by modern synthesis techniques. The results presented in this
chapter involves exposing nuclear fuel materials proposed for use in NTP applications
(MoUO2 cermets) to highly reducing environments (flowing H2 gas) at extreme
temperatures. Spark plasma sintering was used as synthesis technique and the effects of
extreme environments will be compared to previous results after analysis with SEM and
XRD. These experiments will assist in determining whether the promising results by Duffin
et al. [79, 80] on high temperature H2 exposed Mo-YSZ produced by SPS apply to similarly
fabricated MoUO2 cermet materials, a leading class of materials proposed for use in NTP
applications.
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6.1 Abstract
Ceramic-metallic (cermet) materials show promise for use in nuclear thermal
propulsion applications due to attractive thermophysical properties including high
temperature stability and high thermal conductivity. In this work, molybdenum-uranium
dioxide (Mo-UO2) cermet fuel elements were fabricated by means of spark plasma
sintering (SPS) and were subsequently exposed to hydrogen at high temperatures (2500
K). Mo-UO2 samples pre- and post-exposure were characterized by means of optical
microscopy, scanning electron microscopy, and X-ray diffraction (XRD). Microscopy
analyses of the as-produced material displayed microscopic cracking on the interior of the
spherical UO2 fuel particles but confirmed that the fuel particles were fully encapsulated
in the Mo matrix. The results further showed mass loss, macroscopic swelling, and
cracking in the cermet samples which occurred during high temperature hydrogen testing.
Nanoscale swelling was evidenced by XRD in the Mo matrix and UO2 fuel structure due
to the incorporation of defects and accompanied microstrain.

6.2 Introduction
Recently, there has been increased world-wide interest in manned deep space
missions. Nuclear thermal propulsion (NTP) holds key advantages over traditional
chemical propulsion such as higher specific impulse (850-1000 s) with a relatively high
thrust to weight ratio (3-10) [61, 62]. Benefits of NTP systems include shorter in-space
transit times allowing reduced exposure of astronauts to space radiation and psychological
stress associated with extended time in space along with the option for mission abort. Most
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designs for NTP systems consist of nuclear fuel rods, which, during the fission process, are
cooled by the propellant, typically H2. The high operating temperatures of these systems
(2700 K and above [63]) coupled with the chemical reactivity of H2 gas poses unique
material challenges under such extreme conditions. Additionally, neutronic properties of a
material must be considered (e.g., thermal neutron absorption cross sections) in
conjunction with the harsh environment, which limits the number of promising nuclear fuel
materials for these applications.
A few NTP fuel forms have been previously investigated, including uranium
carbide particles dispersed in a graphite matrix [64, 65], solid solution mixed uraniumrefractory metal carbide [66], and ceramic-metallic composite (cermet) fuels such as
uranium dioxide-refractory metal [63] and uranium nitride-refractory metal [67]. Cermet
materials, in particular, show promise for use in high temperature H2 propellant systems
due to their enhanced properties over monolithic ceramics (e.g., UO2) used as traditional
nuclear fuel. For example, cermet materials have higher thermal conductivity [68, 69] and
increased mechanical properties such as ductility and toughness [70]. A higher thermal
conductivity allows for the fuel to transfer heat more efficiently to the coolant/propellant,
permitting higher specific impulse. In addition, the refractory metallic matrix permits high
operating temperatures and serve to inertly encapsulate the dispersed ceramic fuel material
[71], including fission products and most importantly fission gas. Refractory metals also
provide robust structural support at elevated temperatures [70]. Of the cermet
compositions, W-UO2 cermets have been investigated most extensively due to their
acceptable high-temperature stability and H2 compatibility [63]. However, thermal and
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chemical extremes induce undesirable effects in cermets such as swelling [72], cracking of
fuel particles [73], fuel vaporization [74], chemical reduction of UO2, and the migration of
uranium into the surrounding W-matrix, resulting in mass loss of the matrix and UO2 fuel
[73, 74].
In recent years, there has been a transition from W to Mo as the metal of choice for
NTP cermets, driven primarily by molybdenum’s lower thermal neutron absorption cross
section, which will allow for the use of low-enriched uranium (LEU). However, mass
losses in Mo cermets compared with W cermets are significantly higher [75]. One of the
largest determining factors for mass loss is the density of the fuel element, with higher
densities resulting in lower material loss. Cermet fuel forms pose unique fabrication
challenges of high-density samples due to the stark differences in thermophysical
properties between ceramic and metallic materials. Production of Mo-UO2 cermets for
NTP applications primarily composed of hot powder rolling techniques, producing samples
with high densities [75], yet this method is time and labor intensive, with limited
fabrication flexibility. Spark plasma sintering (SPS) as a means of consolidating ceramic
and metallic constituents offers a few key benefits over traditional techniques, such as
lower sintering temperatures and times while minimizing grain growth [76].

SPS

techniques consist of joule heating by transmitting current through a powder mixture while
applying uniaxial pressure to assist in consolidation and densification. This is analogous to
hot pressing, where a uniaxial pressure is applied to the powder sample while being heated
indirectly with a surrounding resistive heating element; however, in the case of SPS, the
resistive heating occurs directly through the die and punch assembly, allowing for much
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faster heating rates than are achievable with conventional hot pressing. This rapid heating
allows for mitigation of excessive grain growth, and the application of a uniaxial pressure
enhances the driving force for densification of the material, leading to reduced porosity
and high-quality microstructures in short time frames. Several recent studies have utilized
SPS to produce high density W-UO2 cermets [77, 78]. Duffin et al. [79, 80] showed that
spark plasma sintered molybdenum-yttria-stabilized zirconia cermets are subject to lower
mass loss (fraction of a percent) under high temperature hydrogen environments, partly
due to higher densities achieved at lower sintering temperatures.
In this work, Mo-UO2 cermets were fabricated via spark plasma sintering and
characterized in detail with respect to microstructure and macroscopic properties. These
cermets were exposed to high temperatures (2500 K) under flowing hydrogen and
characterized by optical and electron microscopy as well as X-ray diffraction. The
structural information obtained in this study provides insight into the viability of spark
plasma sintered Mo-UO2 cermets for use in NTP applications which can be used to develop
mitigation strategies for damage induced by high temperature hydrogen environments.

6.3 Experimental
6.3.1 Synthesis
Powders for spark plasma sintering were prepared by coating the spherical fuel
particles with Mo metal [78, 81, 82]. Molybdenum powder (99.95 % purity, 2-5 µm grain
size, purchased from Alfa Aesar) and spherical depleted UO2 particles (Oak Ridge National
Laboratory, grain size ≥ 125 µm [83]) were batched at 40 vol% Mo and 60 vol% UO2, with
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0.5 wt.% of polyethylene binder (polyethylene homopolymers grade A-C, Honeywell)
added to aid in the uniform distribution and coating of the UO2 microspheres. The powders
and binder were subsequently blended in a powder mixer (Turbula® T2F, W.A. Bachhofen
Turbula) for two hours in ambient atmosphere at room temperature and transferred into an
argon glove box, where the sample batch was heated on a stirring hotplate to 450 K for 15
minutes. This allowed the polyethylene to melt (Tm = 374 K) and bind a uniform layer of
Mo to the surface of the UO2 particles [81].
The as prepared coated fuel particles were consolidated into solid specimens by
spark plasma sintering (SPS). A 20 mm inner diameter graphite die was prepared by lining
with a graphite foil (2010-A, Mineral Seal Corp.) and coating the graphite foil with boron
nitride (ZYP Coatings), which was employed as a releasing agent that also aided in
preventing carbiding of the Mo metal. Graphite punches were prepared in a similar fashion
before loading the powder mixture into the die assembly and gentle compression for slight
consolidation inside the die. The die was then transferred to a spark plasma sintering
furnace (DCS-15-6, Thermal Technologies) where the chamber was evacuated and purged
with He gas. The SPS was then heated under vacuum at 100 K/min to 1673 K, where it
was held for 15 minutes before cooling at 100 K/min back to room temperature. A uniaxial
pressure of 50 MPa was applied to the die through the entirety of the run heating/cooling
cycle. The sintered Mo-UO2 billet was extracted from the SPS die and polished to produce
flat surfaces and to remove any residue graphite foil.
6.3.2 High Temperature Hydrogen Testing
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Hydrogen exposure at high temperature and characterization was performed at the
NASA Marshall Space Flight Center utilizing the Compact Fuel Element Environmental
Test (CFEET) facility which contains a hydrogen induction furnace capable of reaching
temperatures relevant to nuclear thermal propulsion applications (≥2500 K) [84]. Prior to
heating, the CFEET chamber was evacuated and purged with Ar for three cycles, and H2
gas was introduced after the final evacuation. The Mo-UO2 cermets were radiatively heated
in flowing H2 (0.55 standard liters per minute SLM) at ~100 K/min to 2500 K inside an
inductively coupled tungsten tube (Fig. 10) for 30 minutes. The temperature was measured
directly off the specimen using a two-color pyrometer (Modline 5R, Ircon). After
temperature and hydrogen exposure, the sample was cooled at ~100 K/min to room
temperature for extraction.

6.3.3 Characterization
Pre- and post-exposure to flowing hydrogen at 2500 K, the cermets samples were
characterized with microscopy and phase analysis to determine dimensional and mass
changes. The density before and after testing was calculated using a modified Archimedes
method [209]. Initial sample inspection was done with an optical microscopy (Smartzoom
5, Zeiss), followed with a more detailed analysis using a scanning electron microscope (S3700N, Hitachi) coupled with energy dispersive spectroscopy (EDS). X-ray diffraction
(XRD) experiments (X’Pert Pro MRD, Malvern PANalytical) were performed with the CuKα line (45 keV and 40 mA, Ni filter) for detailed structural analysis. The XRD patterns
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were analyzed for changes in unit-cell volume, defects, and microstrain using Rietveld
refinement with the GSAS II software [86].

6.4 Results
The qualitative analysis of the dispersion of UO2 in the Mo matrix in the asprepared cermets confirmed uniform interparticle distribution of the fuel particles without
preferential clustering radially or axially across the pellet (Figs. 40a and 40b). Minimal
UO2 particle clustering or porosity within the Mo matrix was observed due to the optimized
addition of 0.5 wt% binder. An appreciable amount of cracking was present in the
individual fuel particles which originated from the stock material and was not induced by
the SPS process as evidenced by SEM images recorded prior to SPS synthesis (not shown).
However, the forced loading, along with the difference in thermal expansion coefficients
of Mo and UO2, could have exacerbated the cracking. The average mass density of the two
samples was 93.0  1.7 % of the theoretical value, which is expected due to the lower
sintering temperature and cracks within the fuel [78].
High temperature hydrogen exposure produced extensive damage to the samples
including swelling (Fig 40c.i), macroscopic cracking, and mass loss. The loss of UO2 after
exposure is apparent on the sample surfaces evidenced by more visible Mo and after testing
(Figs. 40b and 40d). Vaporization of the UO2 material was evidenced by a layer of
radioactive material coating the CFEET chamber surfaces. Weight and volume analysis
showed that the samples lost an average of 3.59  0.15 % of their initial mass and gained
15  12 % of their initial volume, which reduced the density post-testing to 79  9 % of
theoretical. Volume change within these cermets is primarily attributed to the formation of
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Figure 40. Optical microscopy images of the (a) axial distribution and (b) radial
distribution of UO2 fuel particles (black circles) in a 60 vol% fuel loading sintered MoUO2 cermet. (c) Cross section of sample post-high temperature hydrogen exposure
displaying the formation of a void with (c.i) a photograph of the sample highlighting the
amount of macroscopic swelling. (d) The same sample surface shown in (b) post-high
temperature hydrogen exposure.
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a large void within each sample tested (Fig. 40c and 40c.i). In Figure 40c.i, the void is
located on the bottom side of the sample. Figure 40c was captured after the swollen top
and bottom surfaces were removed with a diamond saw. The void causes the sample
surface to rupture as shown in Figure 41c.
EDS analysis confirmed that all of the UO2 fuel was encapsulated within particles
prior to exposure to H2 and high temperatures (Fig. 41a). Where conventional techniques
use slow heating rates to avoid porosity caused by the removal of the polyethylene binder
material with temperature, the SPS process involves rapid heating. However, uniaxial
applied force accompanies this rapid heating, which enhances densification, leading to
reduced porosity when compared with conventional sintering techniques. Thus, the
polyethylene binder is assumed to only play a minor role in the material response within
the high temperature/hydrogen environment since the interfaces between the Mo and UO2
phases appear to be uniform and nonporous (Figs. 41a and 42a) with relatively high sample
densities.
On sample surfaces directly exposed to the hydrogen flow on the bottom (Figs. 10
and 40c.i), loss of UO2 particles occurred up to complete depletion as evidenced by
hemispherical crater regions on the surface where only Mo or voids are evident with little
to no signal from the UO2 microspheres (Fig. 41b). In the proximity of a large macroscopic
crack present on all high-temperature hydrogen tested samples, fuel loss is exacerbated,
again, with only a small EDS signal from remaining UO2 (Fig. 41c). In fuel particles which
were not completely lost, microscopic cracking occurs preferentially along interconnected
UO2 spheres (Fig. 41b). Unlike the hydrogen-flow facing bottom side of samples, where
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Figure 41. SEM micrograph with EDS analysis of the bottom side of a sample (a) before
and (b) after exposure to hydrogen at high temperature showing loss of UO2 particles along
with crack propagation across interconnected spheres. (c) A large fissure in the central
region of the bottom side after exposure to hydrogen at high temperature and associated
fuel depletion around the cracked sample region.
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fuel particles are partially or fully depleted (Fig. 41b), fuel particles on the top side remain
largely intact. This is primarily due to exposure to a less intense boundary layer of turbulent
hydrogen gas flow. However, individual UO2 grains within the fuel particles on the top
side of samples became more apparent post-testing with smaller grains preferentially lost
(Figs. 42a and 42b). Additionally, there was evidence of uranium migration into the Mo
matrix post-exposure (Figs. 42c and 42d). The displayed SEM images are representative
for all samples tested.
X-ray diffraction was used to probe material modifications induced by exposure to
high temperatures and H2 in terms of unit cell parameter and microstrain. Each sample
was cut along the swollen faces of the pellets in order to create a flat surface for the
diffraction measurements despite macroscopic swelling. Thus, the structural data
represents a material response in the interior of the high-temperature hydrogen exposed
samples. The face-centered cubic Mo and fluorite-type structured UO2 phases remained
intact after exposure to the harsh environment; however, significant changes in the XRD
patterns of both the Mo matrix and the UO2 particles were evident, such as a decrease in
peak intensity, shift in peak positions, and concurrent peak broadening (Fig. 43). Rietveld
refinement allowed for the quantification of changes to the unit cell and Williamson-Hall
analysis [88] of peak broadening enabled the deconvolution of the effects from grain size
and microstrain build-up. Pseudo-Voigt functions were fit to the diffraction maxima, and
only the Cu K-1 peaks were analyzed [210]. Table 1 summarizes relevant structural
information from Rietveld analysis of XRD patterns before and after testing in the CFEET
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Figure 42. SEM micrographs of the top side of a (a) as-produced and (b) high-temperature
hydrogen exposed Mo-UO2 cermet, displaying noticeable preferential loss of small grains
within the UO2 particles after testing. (c & d) EDS maps for the same SEM images as (a)
and (b), respectively, exhibiting complete encapsulation of the UO2 within the fuel particles
before testing and segregation of uranium into the Mo-matrix material after exposure,
indicative of partial reduction of UO2 and possible alloying with the Mo.
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Figure 43. X-ray diffraction patterns of cermet samples (black) pre- and (red) post-high
temperature hydrogen testing displaying both the metallic Mo and ceramic UO2 phases.
(inset) High-temperature H2 exposure results in the emergence of new peaks corresponding
to -U and U0.88Mo0.12 phases.
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Table 1
Phase
Mo

UO2

Pre-Testing
a0 = 3.149(3) Å
0 = 0.34(13) [%]

Post-Testing
a = 3.1542(2) Å
 = 0.84(14) [%]

Relative Change
= 0.16(8)
a/a0
= 150(40)
/0

[%]
[%]

a0
0

a


a/a0
/0

[%]
[%]

= 5.472(2) Å
= 0.26(6) [%]

= 5.4784(3) Å
= 0.57(8) [%]

= 0.11(4)
= 120(30)

Summary of structural data (unit cell parameter and heterogeneous microstrain) obtained
from XRD analysis and Rietveld refinement for both metallic (Mo) and ceramic (UO2)
phases before and after high temperature hydrogen exposure. The error represents the
standard error.
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chamber. While unit cell parameters of Mo and UO2 in the as-prepared samples are within
expected values, there is an appreciable amount of microstrain, most likely due to the large
number of interfaces between the two phases. After high-temperature hydrogen exposure,
both materials swell and build up additional heterogeneous microstrain. Due to the large
initial grain size (> 10 m) XRD data could not be used to analyze changes in grain size.
Additional low-intensity, broad peaks emerge around 36 < 2 < 38 which can be
explained by the formation of U- and alloyed U and Mo (U0.88Mo0.12) as a result of the
high-temperature H2 exposure (inset of Fig. 43).

6.5 Discussion
Both Mo-matrix and UO2 phases show significant alterations after exposure to H2 and a
temperature of 2500 K. The most prominent feature is the large void, which forms within
each cermet sample (Fig 40d and Fig 40b). These voids, which are the largest contributor
to macroscopic swelling (Fig. 40d), resemble the blistering observed in Mo-Si thin films
caused by hydrogen ion implantation, but at a much larger scale [211]. The void results
most likely due to diffusion of the hydrogen into the Mo matrix at high temperatures
[212]. Hydrogen molecules enter along grain boundaries, further propagating pre-existing
cracks within single fuel particles and inducing cracking between interconnected UO2
microspheres, eventually leading to the accumulation of H2 within cracks or grain
boundaries. This may lead to the nucleation of bubbles which coalesce and result
eventually in the large void and fissure. This behavior is most likely accelerated by
increased cracking and material loss occurring in UO2.
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A relevant metric for the performance of an NTP fuel is radioactive material
retention. Based on (i) elemental analysis of the material that accumulated on the test
chamber surfaces (not shown), (ii) the high vapor pressure of UO2 (400 N/m2 at 2773 K
[74]) compared with Mo (1-10 N/m2 at 2773 K [213, 214]), and (iii) the lack of evidence
for molybdenum to form hydride materials under these conditions used in this study [212],
the observed mass loss can be attributed predominately to uranium containing materials,
yielding 5.8  0.2 % of the initial mass of UO2. This amount is much less for the SPS
synthesized samples of this study than reported for W-UO2 cermets without refractory
metal cladding on exterior surfaces when exposed to higher temperatures as shown by
Saunders et al. [74]. They observed a ~10 % mass loss of UO2 after 30 minutes of hydrogen
exposure at 2773 K for samples containing 20 vol% of UO2. In other cermet materials
prepared by methods other than SPS the mass percentage of UO2 lost typically increases
with higher uranium loading in samples. Additionally, in cermets that utilize Mo as a
matrix, UO2 loss has been previously reported to be 25 % higher than in W cermets, a
behavior which is not fully understood [215]. However, when comparing W-UO2 and MoUO2 systems which were clad with the respective refractory metal, the behavior is similar
in terms of UO2 loss [73]. The present data indicate therefore that SPS is a means to
fabricate Mo-UO2 cermets which experience less mass losses when exposed to hydrogen
at 2500 K.
The observed fuel loss in the pellets can be explained by several contributing
mechanisms. At sample surfaces, the high vapor pressure of UO2 causes gross vaporization
of smaller particles which can be seen in the etched-like morphology of UO2 particles (Figs.
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42a and 42b), corroborated by the layer of radioactive material coating the CFEET chamber
after exposure. Cracking of the feedstock UO2 material increases the effective surface area
exposed to hydrogen and provides additional pathways to permeate into the interior of the
pellet.
Another contributing factor to the loss of UO2 in the sample pellets at high
temperatures is due to the reduction of uranium within the highly reducing environment of
the H2 gas flow [72]. The reaction of H2 gas with UO2 at high temperature is as follows:
UO2 + H2 → UO2-x + xH2O

(1)

leaving a hypostoichiometric uranium-oxygen system. At 2500 K, UO2-x exists in a singlephase region for 1.6 < x < 2.0 [216]. However, as temperature decreases, UO2-x re-oxidizes
via the reaction:
2UO2-x → (2 - x)UO2 + xU

(2)

leaving free uranium in the system. Saunders et al. [74], observed U rich phases at the
boundary between UO2 particles and the W matrix, displaying the mobility of free U.
However, Mo and U have a higher propensity to alloy, for which some evidence is seen in
the XRD data (Fig. 43). Mass loss is also influenced by initial O:U ratio where
stoichiometric compounds are characterized by a reduced mass loss as compared with
hypo- or hyperstoichiometric materials [217]. Due to storage of stock materials in air, the
UO2 used in this study was most likely hyperstoichiometric, considering its propensity to
oxidize in air.
The redox processes associated with UO2 within a high-temperature hydrogen
environment are also evident at the microscopic scale by the change in unit-cell parameter.
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The loss of oxygen in UO2, production of free U, and alloying of Mo and U all cause
swelling by which is displayed on the macroscopic scale (change in density) and
microscopic scale (change in unit-cell parameter). The migration of free U into the Mo
matrix most likely causes swelling and microstrain due to the incorporation of U
interstitials into Mo structure. The unit-cell parameter of post-tested UO2 increased at the
same order of magnitude as observed for fission-fragment type ion irradiation experiments
[11, 109]. The swelling within atomic planes and increase in microstrain can be explained
by the formation of oxygen vacancies during the reduction process and uranium vacancies
during the re-oxidation process. The unit-cell swelling bears therefore direct evidence of
the reduction of uranium induced by the high-temperature H2 environment. The reoxidation during cooling down generates uranium interstitials which eventually
accumulate and phase separate to U- and alloy with Mo to U0.88Mo0.12. These processes
will increase the number of interfaces between the different phases, which explains the
observed microstrain. Only a few studies investigated the macroscopic swelling of hightemperature H2 exposed W-UO2 samples, reporting values ranging between 1.94 % and
9.13 % [72], which is somewhat lower than 15% observed in this study. This can be
explained by the addition of Gd2O3 to UO2 in previous studies as a stabilizing agent to
suppress reduction, which also inhibits swelling.
Despite the observed mass loss and changes in the structure and chemistry of both
fuel and metal matrix, it is clear that spark plasma sintering of cermets leads to much
improved sample performance with increased mass density and reduced radioactive
material loss. Additional mitigation strategies should be employed to further reduce
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material loss such as incorporation of chemical additives into the UO2 structure in order to
induce and stabilize oxygen vacancies in which will suppress uranium reduction. This has
been demonstrated in previous studies using traditional synthesis techniques which
successfully reduced the mass loss of radioactive material below 1% even after many
thermal treatment cycles at high temperatures [74, 218, 219]. More recently, results on
spark plasma sintered molybdenum-yttria-stabilized zirconia as a surrogate for Mo-UO2
cermets show promising results for mass loss under high temperature hydrogen testing,
most likely due to the stabilization of the ZrO2 particles with Y2O3 [79, 80, 220]. Further
extensive testing on SPS prepared, additive-stabilized UO2 cermet systems is required to
better understand the performance of NTP fuels within the anticipated high temperature H2
environments [72]. The SPS synthesis must be refined to further reduce mass loss via
chemical vapor deposition of refractory metals on UO2 particles [221], and refractory metal
cladding on the exterior of the entire fuel element [74].

6.6 Conclusions
Mo-UO2 cermets produced via spark plasma sintering were extensively damaged
by exposure to high temperatures with flowing H2 exhibiting loss of UO2, swelling, and
cracking. Most of the swelling effects can be attributed to the diffusion of H2 into the Mo
matrix through cracks and grain boundaries resulting in a large interior void. Mass loss is
predominant in the UO2 particles due to its high vapor pressure at high temperature and
reaction with hydrogen, which causes reduction and formation of free uranium. Despite the
use of an advanced synthesis and processing technique and the production of dense fuel
cermets, there is a need for further mitigation strategies, such as cladding, fuel particle
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coating, and stabilizing agent additives in UO2. The properties of the initial ceramic
microspheres also play an important role and pre-existing cracks promote fuel loss. The
results of this study highlight the destructive effects of the harsh environment which NTP
fuel materials must perform and optimizing synthesis conditions is key in this endeavor.
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CHAPTER 7: CONCLUSIONS
Exposing nuclear fuels to harsh, redox behavior causing conditions induces
complex microstructural and chemical behavior. Understanding the intermediate
mechanisms by which these conditions yield changes to the long- and short-range
structures and chemistry of these materials is critical for predicting performance in various
engineering applications. However, these mechanisms are complex, multiscale, and
difficult to fully characterize. This work aimed to bridge the gaps in understanding between
the effects of extreme conditions and material effects, from defect production to subsequent
bulk material modification.
The grain size of a material was shown to heavily influence the response of nuclear
fuel materials under highly ionizing irradiation. This behavior was further dependent on
the cation electron chemistry. These results could influence the understanding and
prediction the behavior of nanomaterial in the so-called rim structure of nuclear fuel.
However, the results presented in chapter 4 also showed that redox effects are suppressed
by reactor relevant temperature conditions.
The oxidation behavior or microcrystalline UO2 under irradiation observed through
the results presented in chapter 3 was further analyzed by exploring the defect structure of
UO2+x materials produced via synthetic means. Chapter 5 highlighted the complex behavior
of oxygen defect clusters in the saturated regime of the sing-phase region of the phase
diagram and underscore the need for future work to map the behavior across this phase
space.
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In highly reducing environments, uranium oxide materials are subject to intense
degradation and display material loss and swelling unacceptable for engineering
applications. However, chemical doping shows promise as a means to suppress the redox
effects both under atmospherically and radiologically reducing environments and should
be the subject of future work.
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